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The phase evolution of an AlgsCrFeCoNiCu High Entropy Alloy has been characterised following
isothermal exposures between 0.1 and 1000 h at temperatures of 700, 800 and 900 °C. The NiAl based B2
phase formed extremely quickly, within 0.1 h at the higher exposure temperatures, whilst the Cr-rich ¢
phase formed more slowly. The solvus temperatures of these two phases were found to be ~975 and
~875 °C respectively. Compilation of the data presented here with results previously reported in the

literature enabled the production of a time-temperature-transformation diagram, which clearly indicates
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that the diffusion kinetics of this material cannot be considered sluggish.
© 2015 The Authors. Published by Elsevier Ltd. This is an open access article under the CC BY license

(http://creativecommons.org/licenses/by/4.0/).

1. Introduction

High Entropy Alloy (HEA) systems have been the subject of
extensive research since their inception just over a decade ago. A
huge number of different alloys have already been studied and
several beneficial properties identified, including good mechanical,
wear and corrosion characteristics [1—6]. However, due to the
compositionally complex nature of these materials, the develop-
ment of optimal alloy chemistries will only be realistically possible
via high-throughput computational and experimental techniques
[7—10]. Efficient use of such techniques requires an improved un-
derstanding of the fundamental mechanisms behind the behaviour
of these materials, which can only be achieved through systematic
studies of the compositional and processing dependence of key
material properties.

The multi-element basis of HEAs has been reported to give rise
to a number of key benefits over their conventional, single element
based counterparts [11—14]. These effects include; increased en-
tropies of mixing, which improve the structural stability, particu-
larly at elevated temperatures, suppressing the formation of
undesirable embrittling intermetallic phases [11,12]; severely dis-
torted crystal lattices, which are thought to be responsible for the
low thermal and electrical conductivity of these materials, as well
as providing strengthening by impeding dislocation movement,
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and; sluggish diffusion kinetics, which gives rise to low grain
growth rates and enhanced creep resistance. However, despite the
considerable number of research studies published to date, the
validity of these underlying principles has not yet been conclusively
established.

Slow diffusion in HEAs is thought to be a direct consequence of
the complex arrangement of atoms of different elemental species.
In a conventional, single element dominated solid solution, the
bonding conditions of the local neighbourhood prior to, and
following a solute atom jump are essentially equivalent. The same
is not true in an HEA, where the local atomic configuration is ex-
pected to vary considerably from site to site. As a result, it has been
suggested that a diffusing species may become trapped at lower
energy sites or rejected by higher energy sites, both of which would
retard atomic motion [14]. Calculations have shown that for a
migrating Ni atom the difference in lattice potential energy be-
tween sites is greater in an CrMnFeCoNi HEA than it is in Fe—Ni—Cr
austenitic steels, which implies slower rates of diffusion in the HEA
[15]. A series of quasi-binary diffusion couples were used to
determine the activation energies of diffusion for each elemental
species in CrMnFeCoNi [15]. Whilst the activation energies of some
species were slightly higher in the HEA than those previously re-
ported in Fe, Ni, Co or austenitic Fe—Ni—Cr alloys, the activation
energies of other species were lower. Normalisation of these data
with the alloy's melting temperature, and extrapolation to obtain
the diffusion coefficients near melting, did indicate that diffusion
was slowest in the HEA, although none of these values can be
considered anomalously low.

0966-9795/© 2015 The Authors. Published by Elsevier Ltd. This is an open access article under the CC BY license (http://creativecommons.org/licenses/by/4.0/).
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The nucleation and growth of a new phase requires long range
coordinated inter-diffusion of the different elemental species and,
therefore, would not be expected to occur quickly in materials with
low diffusion coefficients. However, rapid precipitation has been
reported in some HEAs, including the observation of a fine scale
spinodal microstructure in Alg 5CrFeCoNiCu following rapid cooling
[16,17] and evidence has been obtained that this phase separation
occurs even when cooling at rates that approach 1°C s~ [18]. Thus,
it would appear that diffusion is not universally slow in all HEAs.

Previous work has established the presence of multiple phases
within the microstructure of AlysCrFeCoNiCu following long-term
heat treatments at temperatures between 700 and 1000 °C. These
include a NiAl based B2 phase, the topologically close packed o
phase and an NizAl based L1, phase, in addition to two fcc solid
solutions [19—21]. However, little is known about the speed at
which these phases form, information that is intrinsically linked to
the diffusion kinetics of the alloy. Therefore, to address this issue,
the phase evolution in Alg5CrFeCoNiCu has been studied following
a series of different exposure times at temperatures of 700, 800 and
900 °C, and the data used to construct a time-temperature-trans-
formation diagram.

2. Experimental methods

A 500 g charge of Alg5CrFeCoNiCu was melted in a vacuum in-
duction furnace from elemental metals with purity >99.9%. The
material was held in the molten state for ~30 min before being cast
into six 10 mm diameter bars, which were ~100 mm in length. The
as-cast bars were encapsulated in evacuated, Ar-backfilled glass
ampoules and homogenised at 1100 °C for 96 h. This temperature
was selected based upon previous reports, which indicated that the
first melting event observed in this alloy occurred at ~1150 °C
[20,21]. At the end of the homogenisation treatment, five of the
bars were water quenched, whilst the remaining bar was air-
cooled. The water quenched bars were sectioned into ~10 mm
lengths, which were individually encapsulated as described above
and exposed for periods between 0.1 and 1000 h at temperatures of
700, 800 and 900 °C. All samples were water quenched following
thermal exposure.

The microstructures of the homogenised and heat-treated
samples were characterised using back-scattered electron (BSE)
imaging in an FEI Nova NanoSEM 450. Bulk and phase composi-
tions, as well as elemental distribution maps, were obtained in the
same instrument with a Bruker XFlash 6 solid-state energy
dispersive X-ray (EDX) detector. Bulk compositions were obtained
by averaging the data from several large area measurements, while
phase chemistry was determined from several point analyses.
Selected local crystallographic characterisation was performed us-
ing electron backscatter diffraction (EBSD) in the NanoSEM 450,
whilst bulk information from all samples was collected using a
Bruker D8 diffractometer with Ni-filtered Cu Ka radiation. Diffrac-
tion spectra were collected within the range 5—135° 20 in 0.03° 20
steps counting for 2 s per step and between 42 and 52° 26 in 0.03°
20 steps counting for 8 s per step. Differential Scanning Calo-
rimetery (DSC) was used to obtain the solvus temperatures of the
solid-state phase transformations that occurred during continuous
heating from room temperature to 1400 °C. Measurements were
performed in a Netzsch 404 calorimeter under flowing argon at a
heating rate of 10 °C min—".

3. Results
The bulk composition of the cast material, determined by

averaging large area EDX analyses at the top and bottom of each bar,
is provided in Table 1. The measured composition of each element

Table 1
Target and measured composition of the material studied, with the standard devi-
ation in measurements given as the error.

At% Cr Fe Co Ni Cu Al

Target 18.2 18.2 18.2 18.2 18.2 9.0
Measured 19.1 18.7 18.6 18.2 18.2 7.2
Error +0.3 +0.1 +0.1 +0.1 +0.5 +0.2

was within 1 at% of the target value in all cases except Al, which was
found to be 1.8 at% below the nominal concentration. Al has a low
vapour pressure and losses are expected during the melting pro-
cess. In the current study, these losses were greater than expected,
resulting in a slightly depleted concentration of Al in the final alloy.
The bulk homogeneity of the material was very good, as can be seen
by the low error values in Table 1, which correspond to the standard
deviation between all of the different measurements.

BSE micrographs of the material following the 96 h homogeni-
sation treatment at 1100 °C in both the air cooled and water
quenched states are shown in Fig. 1. In both conditions, the material
had a dendritic microstructure, which is consistent with many
previous studies [1,19—21]. In line with this previous work, EDX
analysis showed that the dendrites were multi-component solid
solutions, whilst the interdendritic constituent was Cu-rich. How-
ever, in the air cooled material, acicular precipitates could be seen
within the interdendritic regions. Elemental mapping indicated
that these phases were rich in Ni and Al, and, therefore, were likely
to be the B2 NiAl phase [19—21]. Similar features were not observed
in the water quenched material, suggesting that diffusion in the
interdendritic phase was sufficiently fast to allow elemental
redistribution, leading to precipitation of the B2 phase during air
cooling. As a result, only material that had been water quenched
from the homogenisation treatment was used in the remaining part
of this study.

Images showing the microstructural evolution of AlysCrFeCo-
NiCu as a function of exposure time at 700, 800 and 900 °C are
given in Fig. 2!. After exposure for 1 h at 700 °C, fine globular
precipitates were observed in the microstructure that were not
present in either the as-quenched material or following 0.1 h at
700 °C. These precipitates, labelled as a in Fig. 2, were observed to
preferentially form on the grain boundaries within the dendritic
microstructure. EDX analysis showed that the precipitates were
rich in Ni and Al, consistent with the B2 phase previously reported
[19,21]. In addition to the globular phase, small acicular pre-
cipitates, labelled as b in Fig. 2, with similar backscattered electron
contrast were also observed within the interdendritic material. The
fine scale of these precipitates meant that accurate compositional
analysis was challenging but elevated levels of Ni & Al were
measured, which, in keeping with previous work [19,21], suggested
that these precipitates were also the B2 phase. Following 10 h at
700 °C, the occurrence of acicular B2 precipitates within the
interdendritic regions had become extensive, with individual pre-
cipitates extending across the entire width of the interdendritic
regions. Additional fine precipitates, with similar morphology and
backscattered contrast to those in the interdendritic regions, were
observed within the dendritic phase after exposure for 50 h,
labelled as c in Fig. 2. Thus, within 50 h exposure to 700 °C, three
different populations of the B2 phase were observed to have
formed in AlgsCrFeCoNiCu; globular precipitates on the grain
boundaries, acicular precipitates within the interdendritic phase
and acicular precipitates within the dendrites. With longer

1 Larger versions of each individual image within Fig. 2 are provided as online

supplementary information.
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Fig. 1. BSE micrographs of AlysCrFeCoNiCu after heat treatment at 1100 °C for 96 h followed by air cooling and water quenching.

exposure times, all three populations of the B2 phase coarsened
and an increase in volume fraction was observed. This was partic-
ularly true of the acicular precipitates within the dendritic regions,
which dominated the microstructure after 1000 h. During this time,
another intermetallic precipitate was also observed to have formed.
Following a 100 h exposure, regions of material that had similar
backscattered electron contrast to the original dendrites were
observed, labelled as d in Fig. 2, but, critically, unlike the dendritic
material, these regions were free from any internal precipitation.
EDX analysis of these areas showed significantly elevated Cr con-
centration, consistent with previous reports of the ¢ phase at this
temperature [19,21]. Phase mapping, using concurrent EDX and
EBSD, was performed on material exposed for 1000 h at 700 °C and
confirmed that all of the Ni and Al rich regions had a B2 crystal
structure and that the Crrich areas were tetragonal, consistent with
the ¢ phase.

At 800 °C the phase evolution of Aly 5CrFeCoNiCu with exposure
time followed the same general trend as that at 700 °C, although
there were some key differences. The formation of globular B2 on
the grain boundaries and the precipitation of acicular B2 within the
interdendritic material occurred more rapidly, within the first few
minutes of exposure, with both of these features evident in the
micrograph following a 0.1 h exposure. Similarly, acicular B2 pre-
cipitates were observed within the multi-component dendrites
following 1 h at 800 °C. This was considerably faster than at 700 °C,
where the acicular intradendritic precipitates were observed to
form between 10 and 50 h. In addition, the acicular B2 precipitates
formed within the dendrites at 800 °C appeared to be fully devel-
oped following a 10 h exposure and coarsened with longer expo-
sure times. The Cr-rich ¢ phase was also found to form at shorter
exposure times at 800 °C than was observed at 700 °C. Evidence of
its presence was found in the microstructure following a 10 h
exposure at 800 °C, as can be seen in the EDX maps shown in Fig. 3.
Despite a lack of backscattered contrast, the elemental partitioning
maps clearly show regions with an elevated concentration of Cr,
which also contain Fe and Co, next to the globular B2 precipitates.
Regular arrays of fine scale bright precipitates were also seen
within the dendrites following exposure for 10 h at 800 °C, Fig. 4.
These features became more apparent as the exposure time
increased and they coarsened. It is believed that these precipitates
are Cu rich and form as a result of the miscibility gap in this system
[20] and their formation is consistent with the nano-scale spinodal
decomposition of the multi-component dendrites previously
observed in this alloy [16,18].

At short exposure times, up to an hour, the phase evolution at

900 °C was similar to that observed at 800 °C. However, in contrast
to the material exposed at 800 °C, all three populations of the B2
phase, globular grain boundary, acicular in the interdendritic con-
stituent and acicular in the dendritic regions, were observed
following 0.1 h at 900 °C. In addition, an extremely fine scale reg-
ular array of bright contrast precipitates could be seen within the
dendrites after a 1 h exposure, Fig. 5. As can be seen in Fig. 2, this
three-phase microstructure coarsened with increasing exposure
time, but at no stage was any evidence of the ¢ phase observed. This
finding is consistent with previous reports that have indicated that
the ¢ solvus temperature must lie between 850 °C, where ¢ has
been reported following a 1000 h exposure [21], and 900 °C [19].

Full X-ray diffraction spectra, between 5 and 135° 20, were ac-
quired from material in all heat treatment conditions. However, it
was found that the reflections within the range 42 and 52° 20
provided the most concise evidence of phase evolution. The spectra
for the different times at each exposure temperature are shown in
Fig. 6, along with the spectrum from the homogenised and water
quenched starting material, identified as an exposure time of 0 h. In
the spectrum obtained from the homogenised material, only peaks
corresponding to an fcc structure were observed, but, in keeping
with previous work [1,19—21], the shape of line profile of these
reflections indicated that they resulted from multiple fcc based
structures, all with similar lattice parameters. B2 reflections were
observed in the XRD spectra following a 1 h exposure at 700 °C and
0.1 h exposures at 800 and 900 °C, consistent with the electron
microscopy results presented in Fig. 2. The separation of the two
main fcc reflections, the multi-component solid solution and the
Cu-rich phase, is well captured in the XRD spectra and provides
some qualitative information about the effect of temperature on
the diffusion rates in Aly 5CrFeCoNiCu. Reflections corresponding to
the o phase were also present in the XRD spectra following expo-
sure at 700 and 800 °C but not at 900 °C. Their occurrence is in
keeping with the electron microscopy results but the exposure time
after which they can be discerned does not correlate so well. From
the XRD spectra, reflections corresponding to the ¢ phase were
present following a 1000 h exposure at 700 °C and after 50 h at
800 °C. In contrast, microstructural evidence of this phase was
detected in the elemental partitioning maps obtained from mate-
rial following shorter exposure times, 100 h at 700 °C and 10 h at
800 °C. It is believed that the localised probing possible with
electron microscopy enabled identification of the ¢ phase at an
earlier stage of its formation, corresponding to a volume fraction
below the detection limit of the XRD equipment used.

A DSC thermogram obtained from AlgsCrFeCoNiCu following
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Fig. 2. BSE micrographs of AlysCrFeCoNiCu following thermal exposure at 700, 800 and 900 °C for times between 0.1 and 1000 h.
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Fig. 3. BSE micrograph and corresponding EDX elemental partitioning maps showing
the detection of the ¢ phase in AlpsCrFeCoNiCu following heat treatment for 10 h at
800 °C.

exposure for 1000 h at 900 °C is shown in Fig. 7. Microstructural
characterisation and XRD analysis of this material indicated that
only the two fcc parent phases and the B2 precipitates were pre-
sent. The thermogram shows four distinct events that occur be-
tween 600 and 1400 °C; two large endothermic peaks at ~1350 and
~1150 °C and two sigmoidal like deviations which finish at ~975
and ~800 °C respectively. Previous studies have shown that the two

Fig. 4. High magnification BSE micrograph of Alg sCrFeCoNiCu following 10 h at 800 °C
showing the regular arrays of bright precipitates within the dendrites.

Fig. 5. High magnification BSE micrograph of Aly sCrFeCoNiCu following 1 h at 900 °C
showing the bright fine scale decomposition product within the grey multi-component
dendrites.

highest temperature events correspond to the melting of the den-
dritic and interdendritic constituent, whilst the lowest temperature
event is related to a non-equilibrium L1, phase that forms during
cooling [18,20,21]. These studies also established that only the two
fcc phases are present following 1000 h at 1000 °C and thus it is
believed that the sigmoidal deviation finishing at ~975 °C corre-
sponds to the B2 solvus temperature. This is in good agreement
with previous unpublished work, where the microstructure of arc
melted Alg sCrFeCoNiCu, which comprised of two fcc phases and L1,
precipitates [16,20] in the as cast state, contained B2 precipitates
following a 0.25 h exposure at 950 °C, Fig. 8.
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Fig. 6. X-ray diffraction spectra from Alp5CrFeCoNiCu in the homogenised state and following thermal exposure at 700, 800 and 900 °C for times between 0.1 and 1000 h.
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Fig. 7. DSC thermogram during heating of AlysCrFeCoNiCu following 1000 h at 900 °C.

4. Discussion

Compilation of the current experimental results with those
already published in the literature allowed the construction of a
time-temperature-transformation diagram for AlgsCrFeCoNiCu,
Fig. 9. In this diagram, the filled symbols correspond to data
collected during the present work, whilst the open symbols show
data from previous studies. It should be noted that the L1,, fcc
superlattice phase, which is known to form in this alloy
[1,16,17,19—21], has been omitted from this figure as no evidence
has been obtained to indicate that its formation can be suppressed
by rapid cooling. As such, post mortem examination of samples
recovered from elevated temperature heat treatments cannot be
used to unambiguously identify whether this phase was present at
the exposure temperature or whether elemental partitioning be-
tween different phases in the evolving microstructure influences its
occurrence.

Fig. 8. BSE micrograph of as arc melted Aly sCrFeCoNiCu following exposure at 950 °C
for 0.25 h showing the presence of the B2 phase.

It is clear that the B2 phase can form extremely quickly in this
material, having been observed on prior grain boundaries and in
the interdendritic constituent following 0.1 h exposures at 900 and
800 °C and after 1 h at 700 °C. However, its formation within the
multi-component dendrites was slower and showed a significant
dependence on the exposure temperature. Intradendritic B2 pre-
cipitates were observed following 0.1 h at 900 °C, 1 h at 800 °C and
50 h at 700 °C. Previously, micrographs have been published that
show similar acicular precipitates within the dendrites following a
24 h exposure at 700 °C [19]. This observation is consistent with the
current work, however, the result cannot be directly incorporated
into Fig. 9 as, prior to exposure, the material had been cold rolled
and annealed at 900 °C, during which time the B2 phase formed.
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Fig. 9. Time-temperature-transformation diagram for AlgsCrFeCoNiCu. The filled
points correspond to experimental results of the present work, open symbols repre-
sent data taken from Ref. [21] or previous unpublished data.

The structurally complex ¢ phase formed more slowly than the
B2 phase in Alps5CrFeCoNiCu and had a lower solvus temperature,
between 850 and 900 °C. In the present work, evidence of this
phase was found after 10 h at 800 °C and following 100 h at 700 °C.
Again, this observation is in slight disagreement with Ng et al. [19]
who presented XRD spectra clearly containing characteristic ¢ re-
flections after only 24 h at 700 °C. As stated previously, this
inconsistency is believed to be related to the fact that the material
in Ref. [19] had been cold worked and annealed at 900 °C prior to
exposure at 700 °C. The results of the present work have clearly
demonstrated that the B2 phase forms at shorter exposure times
than the ¢ phase. In addition, previous work [21], has shown that
the B2 phase accommodates reasonable concentrations of Fe, Co &
Cu, ~8, ~10 and ~10 at% respectively, at temperatures between 700
and 850 °C, but far less Cr, ~3 at%. Thus, the formation of the B2
phase would significantly enrich the surrounding material in Cr and
this appears to destabilise the fcc phase with respect to interme-
tallic phase formation. This situation is exacerbated in the Cu-rich
interdendritic material as Cr, Co and Fe are rejected as the phase
moves towards its equilibrium composition from its metastable
starting point, where only Ni and Al retain appreciable concentra-
tions in solid solution [21]. Therefore, it is unsurprising that the ¢
phase is commonly observed adjacent to B2 precipitates, near or
within the inderdendritic constituent. As a result, the formation of
the B2 phase during interpass annealing at 900 °C in the material
studied in Ref. [19] would have created areas within the material
with elevated Cr concentrations, prior to exposure at 700 °C. The
presence of such regions within the material whilst it is exposed at
temperatures where the o phase is stable, in addition to any
remnant dislocations, would no doubt accelerate its formation,
thereby accounting for the discrepancy between reference [19] and
the present study.

As stated in the introduction, reconstructive phase trans-
formations require cooperative movement of different atomic
species over relatively large distances. The rapid formation of the
B2 phase during both isothermal heat treatments, and air cooling
from 1100 °C indicates that neither the nucleation kinetics nor the
diffusional growth of this phase are sluggish in AlgsCrFeCoNiCu.
The formation of the ¢ phase did require longer exposure times,
particularly at 700 °C, but even then, these times are not dis-
proportionally long when compared to other materials. For

example, in relatively compositionally simple duplex stainless
steels with similar Cr concentrations to AlysCrFeCoNiCu, the o
phase has been reported to form very quickly at temperatures be-
tween 700 and 850 °C [22,23]. In contrast, within more composi-
tionally complex materials, such as Ni-base superalloys, which
again have comparable Cr contents, the ¢ phase requires several
hundred hours to form at these temperatures [24,25]. Thus, whilst
diffusion in HEAs is widely reported to be sluggish, the data pre-
sented here clearly shows that it is not anomalously slow in
Al 5CrFeCoNiCu.

5. Conclusions

The phase evolution of an Alp5CrFeCoNiCu High Entropy Alloy
has been characterised following isothermal exposures between 0.1
and 1000 h at temperatures of 700, 800 and 900 °C. In line with
previous reports, the starting material contained two fcc phases
and two additional intermetallic phases were observed to form
during the thermal exposures, a NiAl based B2 phase and the more
complex Cr-rich ¢ phase. The B2 phase, which had a solvus tem-
perature of ~975 °C, formed extremely quickly in this material,
within 1 hat 700 °Cand in less than 0.1 h at 800 & 900 °C, as well as
during air cooling from 1100 °C. The ¢ phase, which has a solvus of
~875 °C, formed more slowly than the B2, requiring between 1 &
10 h at 800 °C and 50 & 100 h at 700 °C. The formation of the ¢
phase is thought to be directly related to the destabilisation of the
parent material around a B2 precipitate, as this phase has little
solubility for Cr and so enriches the surrounding area. Combination
of these data with existing results from the literature enabled a
time-temperature-transformation diagram to be proposed for the
first time. Since the formation of a new phase requires long range
coordinated diffusion, the experimental observation of interme-
tallic phase formation within 0.1 h indicates that the diffusion ki-
netics within this High Entropy Alloy are not anomalously slow.
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