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SUMMARY 

Early investigations of the phenomenon of Stress Relief 

Cracking in low alloy steels suggested that the observed failure 

along prior austenite grain boundaries was in large part promoted 

by the relative strengthening of the grains with respect to the 

grain boundaries, dUl'ing the stress relieving heat treatment. In 

this respect, it was felt that certain Cr-Mo-V steels containing 

vanadium carbide should be particularly susceptible to this mode 

of failure, since V4 C3 is well known to confer very good creep 

strengthening in these low alloy steels. As a result of this 

work, it has been established that the above view is both in

accurate and misleading. Most of the experiments were performed 

on two samples of commercially produced ~ ~o ~V steel. One of 

these samples had proved to be susceptible to stress relief crack

ing during fabrication. Detailed observations of the austenitic 

grain growth and secondary hardening response of the two samples 

are described. The results facilitated the design of a series of 

high temperature hardness and tensile tests in which the separate 

effects of grain strengthening and grain size in promoting high 

temperature intergranular failure could be identifi",d. In parti

cular, it is observed that although both steels exhibit very 

similar strength characteristics, the effect of grain size in pro

moting low ductility in association with intergranular failure is 



more marked in one steel than in the other. The steel in which a 

marked tendency towards stress relief cracking had been observed 

is seen to show low ductilities at high temperatures even in fine 

grain size specimens ; suggesting that the state of the boundaries, 

independent of the strengthening effect, is an important factor in 

promoting high temperature intergranular failure. By using an ani-

sothermal stress relaxation testing procedure, it was possible to 

identify precisely the conditions of stress,temperature and micro-

structure under which stress relief cracking occurs. In particu-

lar,it was observed that the susceptible sample failed by nuclea-

tion controlled intergranular cavitation in association with a 

particular stress/strain-rate/temperature regime where the defor-

mation process is rate controlled by the diffusion of carbon. 

Further experiments described in the latter part of the thesis 

examine the effect of purity in promoting intergranular failure 

both at low and high temperatures. The results suggest that the 

presence of impurities like phosphorus, which are known to segre-

gate to prior austenite grain boundaries, may act to allow easier 

nucleation and growth of cavities during failure by inter granular 

cavitation. The conclusions of the thesis outline the mechanism 

of stress relief cracking and make discussion in terms of current 

theories of intergranular failure at high temperatures. Recommenda-

tions are made concerning both the assessment of susceptibility 

of steels to this mode of failure, as well as the adoption of safer 

stress relief procedures. 



CONTENTS 
Page 

ACKNOWLEDGEMENTS 

SUMMARY 

CONTENTS 

CHAPTER I 
A Review of the Problem of Stress Relief Cracking 1 

1.1 

1.2 

1.3 

1.4 

1.5 

Introduction 

Tbe Creep Resisting Properties of Low Alloy Steels 

The Problem of Stress Relief Cracking in Low 
Alloy Steels 

Brittleness of Metals at Elevated Temperatures 

SUIIIIlary 

Figures 1 to 8. 

CHAPTER II 

2.1 

2.2 

2.3 

2.4 

2.5 

Tbe Approach to the Problem 

Selection of Material 

Austenite Grain Growth during Solution Treatment 

Ambient Temperature Secondary Hardening Response 
as a Function of Solution Treatment 

Observations of Hardening Behaviour at Elevated 
Temperatures through Hot Hardness Measurement 

Conclusions 

Figures 9 to 19. 

CHAPTER III 

3.1 

3.2 

3.3 

Tbe Uniaxial Tensile Mechanical Properties of 
Commercial 'susceptible'and 'non-susceptible' 
\Cr \Mo \V Steel at Elevated Temperatures 

Introduction 

Experimental Details 

The Effect of Prior Solution Treatment upon the 
Tensile Mechanical Properties of \Cr \Mo \V Steel 
at Elevated Temperatures 

1 

4 

13 

25 

38 

41 

41 

43 

48 

52 

56 

58 

58 

59 

62 



3.~ Observations of the Work Hardening Behaviour 
during Elevated Temperature Tensile Testing 

3.5 The Effect of Prior Austenite Grain Size upon the 
Tensile Mechanical Properties at Elevated Tempera
tures 

3.6 

3.7 

CHAPTER IV 

Fractographic Examination of Specimens Deformed 
at Temperatures of ~OooC and above 

Summary 

Figures 20 to 37 

Tensile Strain Rate Sensitivity Effects in 
Commercial 'susceptible' and 'non-susceptible' 

Page 

66 

71 

76 

81 

\Cr ~Mo lr,V Steel at Elevated Temperatures 83 

4.1 

~.2 

~.3 

4.4 

~.5 

CHAPTER V 

5.1 

5.2 

5.3 

5 . ~ 

5.5 

5.6 

Background 

Experimental Results 

Estimation of Strain Rate Sensitivity and 
Associated 'degree of instability' of Tensile 
Deformation 

The Relationship between Elevated Temperature 
Flow Stress and Hot Hardness 

Conclusions 

Figures 38 to ~7. 

The Anisothermal Stress Relaxation Behaviour of 
Commercial 'susceptible' and 'non-susceptible' 

83 

85 

88 

92 

9~ 

~ ~Mo lr,v Steel 96 

Introduction 

Experimental 

Anisothermal Stress Relaxation Behaviour of 
'non-susceptible' Commercial ~Cr \Mo lr.V Steel 

Anisothermal Stress Relaxation Behaviour of 
'susceptible' Commercial \Cr ~Mo lr.V Steel 

Discussion 

Conclusions 

Figures ~8 to 70. 

96 

98 

101 

106 

108 

112 

, 



CHAPTER VI 

6.1 

6.2 

6.3 

6.4 

6.5 

Intergranular Failure of Commercial 'susceptible' 
and 'non-susceptible' \Cr \Mo \V Steel at Low 

Page 

Temperatures 114 

Introduction 

Estimation of Fracture Toughness at 770 K in as 
Quenched Material 

Observations of Tensile Mechanical P~~perties of 
Tempered \Cr \Mo \V Steel at 770 K 

The Effect of Tempering at 3500 C in Promoting 
Intergranular Failure in the Region of the 
Ductile-Brittle impact Transition Temperature 

Conclusions 

Figures 71 to 83. 

115 

117 

122 

124 

CHAPTER VII 

7.1 

7.2 

7.3 

7.4 

7.5 

7.6 

The Tensile Mechanical Properties of High Purity 
\Cr \Mo ~ and 2\Cr 1Mo Steels at Elevated 
Temperatures 

Introduction 

The Variation of Prior Austenite Grain Size and 
Secondary Hardening as a Function of Prior 
Solution Treatment 

The Effect of Prior Solution Treatment on the 
Tensile Mechanical Properties of the High Purity 
Alloys at Elevated Temperatures 

The Effect of Prior Austenite Grain Size upon 
the Tensile Mechanical Properties of the High 
Purity Samples at 5000 C 

Comparison of the Behaviour of Commercial and 
High Purity Materials 

Conclusions 

Figures 84 to 98. 

126 

126 

127 

128 

131 

133 

137 



CHAPTER VIII 

8.1 

8. 2 

8.3 

APPENDIX I 

Concluding Remarks 

The Mechanism of Stress Relief Cracking in 
Cr-Mo-V Steels 

The Significance of Current Theoretical Treat
ments of Intergranular Cavitation to the Under
standing of Stress Relief Cracking 

The Possibility of Safer Thermal Stress Relief 
of Weld HAZ's 

The Relationship between Ultimate Tensile 
Strength and Work Hardening Behaviour 

APPENDIX II 

An Approximate Relationship between Tensile Flow 
Stress and Vickers Pyramid Hardness at Elevated 

Page 

139 

139 

142 

144 

147 

Temperatures 149 

Figure 99. 

REFERENCES 151 



1 

CHAPTER I 

A Review of the Problem of Stress Re lief Cracking 

1.1 Introduction 

The main theme of t h i s thesis i s the establishment of 

a precise definition of the factors that contribute to the stress 

relief cracking (SRC) of ferritic low alloy creep resisting steels, 

which occurs during the thermal stress relief of welded structures. 

In this class of steels, failure during such reheat treatment is 

observed1 in the coarse grained heat affected zone (HAZ) around 

the weld. The cracking is generally found to be inter granular at 

prior austenite grain boundaries. 50 64 Typical examples ' are shown 

in figure 1. 

The rationale behind thermal stress relief is simply 

that as the temperature of the stressed region is raised, the flow 

or yield stress is lowered, so that the s tress level is reduced 

through plastic flow. Intui ti vely, one might expect that in 

materials designed for use at elevated temperatures this reduc-

tion of flow stress will not be so marked, so that alternative 

modes of stress relaxation, for exampl e the formation of cracks, 

may occur. That such s tress relief cracking is not observed in 

plain carbon steels1 i £ clear support for tnis idea. Consequently 

the most widely accepted explanation for the phenomenon of SRC is 

that the strength of the grains is maintained during the reheat 

treatment of a we ld HAZ ;;hile that of the boundar5.es is reduced 

so that boundary failure occurs as a result of s train concentra-

tion in the boundaries under the action of the unrelieved residual 
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2 
stress. Taken to its logical conclusion it ';Quld appear that 

this simple interpretation implies that all creep resisting alloys 

should suffer from SRC. That t his is not t he case emphas ises the 

need for a more detailed appraisal of the phenomenon. 

'fne following sections of this first chapter attempt 

to identify the major deficiencies of the above definition of SRC. 

In this respect it has been found necessary to examine critically 

the present understanding of creep resistance and elevated temper-

ature brittleness in low alloy steels in order to locate SRC with-

in the general context of elevated temperature deformation. 

Basically, creep resistance is understood to involve 

two major components, viz: 

(i) creep strength 

(ii) creep ductility. 

These components are usually described by the data derived in 

conventional, constant load or constant stress, tensile creep 

tests as: 

li.) the stress required to produce a certain strain 

or cause failure in a given time; 

(ii) the ~train or time required to cause failure at 

a certain stress. 

The review of the following section of this chapter 

describes the way in which microstructural investigations of low 

allay creep resisting steels have led many investigators to attri-

bute the creep strength of these alloys to the production of a fine 

dispersion of alloy carbides. Furthermore, a close association 

between secondary hardening and the formation of a fine dispersion 
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of alloy carbides has led to the idea that the achievement of 

creep strength in these alloys may be understood in the same terms 

as the achievement of high strength at ambient temperatures. 

The third section of this chapter discusses ho;l this 

idea has been used to reinforce the simple definition of SRC. It 

further discusses the way in which SRC has been investigated as 

a problem of low creep ductility resulting from high creep strength, 

and goes on to illustrate how some inconsistencies of interpretation 

in these investigations have arisen because of the ambiguous de

finition of creep ductility in terms of rupture strain ~ rupture 

life. It is possible to envisage a situation (for example the 

creep testing of a superplastic alloy) in which the rupture life 

is low while the rupture strain is high. More precisely, SRC should 

always be understood as a problem of low rupture strain, because it 

occurs during stress relaxation at constant low levels of strain 

within a weld HAZ. 

The fOUl~h section examines the effect of this same 

ambiguity upon the development of a theoretical understanding of 

elevated temperature brittleness through intergranular cavitation. 

It would appear that most models employ the concept of creep 

ductility in terms of time to failure and further assume that this 

is directly proportional to the strain to failure. In this way 

the mode of unstable rupture in the final stages of failure is 

ignored by most treatments. Experimental evidence is reviewed 

in this section and suggests that in a strain controlled situa

tion like SRC, consideration of the final unstable failure mode 

and the associated ductility during intergranular cavitation 
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should lead to a more consistent assessment of the ability of a 

particular alloy to resist extensive cracking during a thermal 

stress relief heat treatment, than that currently used. 

1.2 The Creep Resisting Properties of Low Alloy Steels 

It was not until the early 1950 's that extensive 

investigations of the microstructure of commercial ferrltic creep 

resisting steels could be attempted using electron microscopy . 

Smi th and Nutting
5 

developed the direct carbon replica technique 

which was utilized by Baker and Nutting6 to carry out extensive 

investigations of microstructure and carbide morphology in com-

mercial 2~% Cr - 1% Mo creep resisting steel, and by Smith and 

Nutting7 to study the tempering of low alloy steels containing 

chromium, molybdenum and vanadium. Parallel work by Seal and 

8 Honeycombe provided convincing support for the relative import-

ance of the major alloying elements (Cr, Ho, V) upon the temper-

ing of this class of steels. 

In particular, the formation of alloy carbides was 

recognised as being responsible for 'secondary hardening' of 

these steels during the tempering of specimens which had been 

9 
austenitized and quenched. It was suggested that the hardening 

observed in molybdenum steels was due to the formation of moly-

bdenum-rich zones (analogous with the formation of copper-rich 

zones in duralumin), but no zones were observed
10 

during a 

repeat of the investigations
9 
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* It is now accepted t];at fine dispersions of v,~C3 

and Mo",C 
t 

carbides are responsible for secondary hardening in , 

vanadium and molybdenum bearing steels respectively. Both car

bides alloo some solubility of chromium§, molybdenum or vanadium 

but in Cr - ~10 - V steels, the main secondary hardening carbide 

is V'/3 which is formed coherent ;rith the ferrite matrix in the 

1 t f 
.. . 19 ear y sages 0 prec~p~tat~on 

As the knowledge of the microstructure of ferritic 

low alloy creep resisting steels was being developed11 ,12,13,14, 

so the relationship between heat treatment and the essential 

property of 'creep resistance' ;ras receiving attention. The 

work of Glen15,16,17 'n the 1950's d . _ rna e a ser~ous attempt to 

rationalise the resistance to high temperature deformation of a 

wide variety of metals (mainly different types of steel) in 

terms of 'latent creep resistance'. By plotting strain ::>ate 

against plastic strain (observed during a constant stress creep 

test) on a log-log plot, he illustrated that the strain rate 

tended towards a minim~~ and then increased to~ards the second-

ary creep rate value. The position and depth of the minimum 

appeared to be strongly stress, temperature and composition de-

pendent. He postulated that the existence of the minimum was 

Vanadium forms a carbide which is basically VC, but the content 
of vanadium can be equivalent to V4C3 by the formation of a 
defect lattice 9. 

t 9 Holybdenum carbide is usually M02C but may also be t106C 
§ 

Chromium forms basically two carbides - M7C3 and M23C6 both 
dissolving V and Mo with slightly higher solubilitY in the 
latter2. 



due to strain-age hardening, or a dislocation-induced precipita

tion hardening mechanism, and outlined the effect of composition 

by remarking: 

" In general, it can be stated that .. hatever the original 

microstructural condition of an alloy, the san~ number of 

transitions in creep l'ate will be obtaiued. The amount of 

strain-age-hardening constituent available for precipitation 

during creep testing may however, vary greatly so that the 

latent creep resistance also varies depending upon the 

original microstructure of the alloy". 

This work was not accompanied by any microstructural 

investigations so that the physical basis of the theories develop-

ed are in many places unclear. HOW'ever, the observation that in 

many commercial alloys, structural changes can occur during creep ~ZC~---

testing «hich manifest themselves by the occurence of transitions 

of creep rate, during which a deceleration of creep rate occurs, 

was clearly established. Furtherrrore it appears from the number 

of times that reference is made to this Hork, that it established 

in the minds of most of Glen's contemporaries the concept that 

creep resistance in metals involved the impeding of dislocation 

motion «ithin the grains, i.e. that it was developed in much the 

same way as high strength at 10« temperatures. Little or no 

recognition was given at this stage to any loss of ductility. 

By the beginning of the 1960's it had become accepted
18 

that the creep strength of a precipitation hardened alloy was 

largely dependent on the form , stability and distribution of the 

precipitated phase. Tne work of Buchi , Page and sidey19,20 sought 
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to establish a direct correlation between microstructure and 

creep strength in 1% Cr - 110 - V steels. In particular, their 

results provided a ccrrelation between the mean interparticle 

spacing of V4C3 and creep strength (i.e. stress required to pro

duce a given strain), which could be used to make quantitative 

predictions concerning the optimum microstructural requirements 

for creep resistance in these steels. Their findings were 

criticised at the time by Barford and Day21 who showed that after 

19 20 replotting the data presented' , factors such as particle 

diameter, grain boundary sliding and carbides other than V
4

C
3 

might play an important role during creep deformation. Never-

. 19 20 22 
theless, th~s ' and other work did establish that a fine 

carbide dispersion in alloyed ferrite is a microstructure which 

exerts a controlling influence upon creep strength. 

23 
In their review, Woodhead and Quarrell concluded 

that deformation at elevated temperatures is influenced primarily 

by the type and dispersion of carbide phases, and to a lesser 

extent by the solid solution strengthening of ferrite. Hith 

regard to the stability of the precipitated phase, Buchi, Page 

and sidey19 suggested that a tempered upper bainitic structure 

ccntained a uniform and stable dispersion of fine vanadium car-

bide platelets, and should therefore provide excellent long term 

creep resistance. 
22 24 It became accepted ' that a tempered upper 

bainitic structure did provide better creep resistance than 

similarly tempered lower bainite, martensite or proeutectoid 

ferrite structures. Furthermore it appeared that a simple law 

of mixtures existed such that the creep strength of a given 
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material was increased with increased upper beinite content. A 

large body of experimental support for this proposition was given 

25 
by Murphy and Branch "ho presented creep rupture data on a 

number of casts of low-carbon Cr - Mo - V alloys plotting log 

(bainite content) versus stress to rupture in 10,000 hours at 

575
0

C to show an apparently linear relation with rupture stress 

increasing constantly with upper bainite content. These data 

were later replotted by Barfor>d and \,illoughby 4 , with linear 

scales. In this way it appeared that increasing upper> bainite 

content up to about 20% had a marked effect, but above 20% there 

was in fact little gain in strength. They4 extended their> exam-

ination of published data with some of their> own experimental 

results and were able to show that a 20% bainite stI'ucture opti-

mised both strength and ductility during creep defor>mation. FI'Om 

microgr>aphic evidence they showed that in specimens containing up 

to 20% bainite, failure was tr>ansgranular> (with strains to frac-

ture of about 5%) while in specimens containing slightly incr>eas-

ed bainite contents (e.g.23%) failure was inter>gr>anular> (with 

str>ains to failure of about 4%). With increased bainite content 

the str>ain to failure decr>eased and inter>granular> cavitation 

cracking increased. Indeed the mixed upper> and lower> bainite 

matr>ix pr>oduced by oil quenching, showed ver>y br>ittle behaviOUr> 

associated with little opening of the intergranular cr>acKs. 

The implication that the effect of a fine dispersion 

of vanadium car>bide in tempered upper> bainite is to pr>oduce high 

.. . h d' ff t 22 
cr>eep str>ength thr>ough a prec~p~tat~on ar> en~ng e ec or a 

solute dr>ag effect26 is put in some doubt in a situation in which 
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only 20% volume fraction of the "better" transformation product 

may be as effective as 100%. Barford and Willoughby4 hypothesis

ed that the role of the precipitat(' particles l ay in the s tabili-

sation of the fine cell dislocation structure rather than in the 

direct immobilisation of s lip dislocations or by the provision of 

a high equilibrium solute content. 

During the 1970's further measurements of carbide 

morphology and mechanisms of nucleation and growth have been made 

. 27 28 using Field Ion M1croscopy , Much interest has been shown 

in the possibility of producing a fine, stable dispersion of 

alloy carbides during the isothermal decomposition of austenite29 ,30 

Recent work
31 

on commercial l:;%Cr l:;%Mo\%V would seem to suggest 

that it is possible,by encouraging the ferrite reaction at high 

temperature, to produce improvements in creep strengthening over 

that obtained from a mixed microstructure of tempered bainite and 

ferrite produced during air cooling. However, the precise role 

of the carbides during high temperature deformation still remains 

a matter of some conjecture. 

Th e question of ductility during cNep deformation is 

usually associated with the propensity of the material to fracture 

. . ul 4 
~n an 1~tergran ar manner 

16 Glen observed that intergranular 

failure usually occurred during a ~ransition in creep rate' (mini-

mum creep rate) and proposed that the incidence of intergranular 

failure should increase as the metal hardens as a result of 

either strain hardening, strain age hardening or strain induced 

precipitation. . . 32 h This follo\;ed an ear11er suggest10n , t at 

inter granular failure with a low strain to fracture results when 
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the relative strength of the body of the grains compared with 

that of the grain boundary regions exceeds iJ. critical value. No 

metallographic evidence of intergranular failure or details of 

grain size and phase distribution Here given, but the idea that 

grain strengthening should lead to intergranular failure was 

clearly supported. 33 The work of Stone and Hurray extended this 

view by illustrating the importance of solution treatment upon 

the subsequent ductility, of quenched and tempered material during 

creep deformation. In particular for Cr - 110 - V steels they 

showed that high solution treatment temperature gave rise to a 

very intense precipitation of vanadium carbide in the matrix during 

subsequent tempering. They also investigated the presence of pre-

cipitate free zones close to the prior austenite grain boundaries 

and were able to illustrate that high solution treatment was also 

accompanied by little or no denudation of the region adjacent to 

prior austenite grain boundaries. Conversely for a low solution 

treatment temperature they observed a less intense precipitation 

of vanadium carbide, and a considerable region in the vicinity of 

the grain boundaries which was denuded of precipitate. This latter 

microstructure was observed to give a considerably increased 

ductility. They hypothesised that the presence of the precipitate 

free zones allowed the region close to the boundaries to accommo-

date strain by plastic deformation rather than by boundary failure, 

and so when combined with a matrix which contains less intense 

fine scale precipitation (and is hence less hard) the balance bet-

ween matrix and boundary strength is sufficient to al1m, the 

development of large strains to fracture. 



11 

There are two major complications to this argument. 

The first concerns the role of prior austenite grain size in pro-

moting a change in ductility. Clearly the higher solution treat-

ment temperature will also produce an increase in grain size over 

the l~,er solution treatment temperature. The s8cond concerns the 

exact role of the precipitate free zone. 33 Stone and Murray 

attributed the improvement in rupture ductility of Cr - Mo - V 

steels by small additions of titanium to strengthening the de-

nuded regions with a fine precipitate (not identified). Although 

this result may be confused if titanium acts as an austenite 

grain refiner it would appear that while a wide denuded zone is 

associated with good creep ductility, a narrow denuded zone is 

also associated with good creep ductility and with good rupture 

strength. As pointed out by McLean 34 this evidence suggests that 

there is little direct influence of precipitate free zone width 

upon creep ductility, at least in Cr - No - V steels. 

The beneficial effects of small additions of titanium, 

. 35~37 often used as a deolO.dant, have been observed by other workers ' , 

but as yet no convincing explanation for them has been proposed. 

By contrast, the usual effect of aluminium, also used in deoxida-

. .. k d d . d '1 ' ty38 t10n pract1ce, 1S to cause a mar e ecrease 1n uct1 1 • 

Strangely this deleterious effect of aluminium has often been 

attributed to the relatively fine grain size of aluminium-killed 

steels 39 ,40 arising from the grain refining effect of aluminium 

nitride
41

• The work of Ratliff and Brown
42 

did, however, show 

that increasing the soluble aluminium above about 0.01% resulted 

in pronounced notch sensitivity and a marked reduction in creep 
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ductility. 

The general effect of trace element additions upon 

creep ductility has recently become a subject of much interest. 

~Iork by Stone and Hurray 43 studied 10H creep ductility in ferri tic 

bolt s teels and suggested that an increased susceptibility to 

temper-brittle fracture is associated with 101< creep ductility. 

44 
More recently , Bruscato showed that reduction of antimony content 

to 4 ppm, both arsenic and tin to 90 ppm and phosphorus to 70 ppm, 

imparted significant improvement to creep ductility of a 2~ Cr - 1 Mo 

weld metal, without influencing the rupture life , as shown in fig.2. 

45 46 Other work ' has involved the comparison of the creep rupture 

properties of two cOlIlllercial Cr - 110 - V steels with steels of 

similar composition made from high purity material having lower 

contents of Co, Cu, S, P, As, Sb , Sn, 0 and N. The steels having 

low levels of trace elements gave at least twice the rupture lives 

of the commercial steels at the highest stresses, and an even 

greater difference at 10l<er stresses. Rupture ductility was also 

greater in the steel .lith low trace element levels. The action of 

trace elements in reducing creep ductility is not fully understood, 

but as discussed in later sections, the explanation is generally 

made in terms of reduced resistance to cavity nucleation and sub-

sequent growth along grain boundaries. 

The preceding review summarises those aspects of creep 

resistance which have a direct bearing upon the development of an 

understanding of the phenomenon of SRC. 

Briefly,the achievement of good creep resistance is 

understood firstly in terms of the restriction of plastic flow at 
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high temperatures and secondly in terms of the limitations of 

ductility which usually arise from the formation of cavities at 

grain boundaries. For the most part, these two aspects of creep 

resistance have been regarded as a direct extension of resistance 

to flow and fracture at ambient temperatures. Increasingly, how-

ever, it has become apparent that this approach is not entirely 

appropriate. 47 
The revieVl of Argent et al for example, suggests 

that fine distributions of niobium, vanadium, molybdenum and 

chromium carbide are capable of conferring short term creep 

strength at 6000 C in ferritic steels. However, for long term 

exposure it is shown that it is the concentrations of vanadium 

and carbon in solution (which determine the number of vanadium-

carbon pairs capable of providing pinning diSlocation networks) 

that is most effective in maintaining creep strength. Currently 

the mechanisms by which cavities form and act to limit creep 

ductility is an extremely active area of investigation, as dis-

cussed later. Two important aspects of the state of the bound-

ary, its strength relative to the matrix and the possibility of 

it being contaminated, have been shown to provide decreased 

ductility in association with cavity formation. 

1. 3 The Problem of Stress Relief Cracking in Low Alloy Steels 

During the welding of a ferritic steel, the HAZ 

adjacent to the weld transforms to austenite, the grains close 

to the fusion zone attaining particularly high tempel'ature and 

undergoing considerable growth. At the same time, carbides 

tend to dissolve, dissolution being more complete in the coarse 
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grained region because it attains a higher temperature. The HAZ 

is cooled rapidly by the cold parent metal and, as a result, re-

precipitation of the alloy carbides is to some extent suppressed. 

Examination of the microstructure of simulated HAZ's in Cr-Mo-V 

steels has shown the structure to be bainitic containing fine 

b 'd d' . 48 car 1 e 1spers10ns 
49 

Bentley observed fine vanadium carbide 

precipitation in Cr - Mo - V steels which had been air -cooled to 

produce a mixed ferrite/bainite microstructure in a weld HAZ 

simulated thermal cycle. Hardness measurements of welds in 

50 
Cr - Mo - V castings by Jones gave values of Vickers Hardness 

(20 kg load) of about 250 VHN for the HAZ region which would also 

seem to indicate a bainitic structure, from inspection of the data 

f I . 51 h . f' f b f Q, o rV1ne sown 1n 19ure 3, or a car on content 0 O.1~. 

It is fairly difficult to assess exactly the microstruc-

ture of the as welded HAZ in on-site welds since the thermal cycles 

experienced are in the first instance dependent upon the process 

used and also upon the geometry of the welded structure. The heat 

inputs used in submerged arc welding are greater than those used 

in shielded and gas metal arc techniques so that the cooling 

rates are lower. The welding of thicker sections allows more 

rapid removal of heat and consequently the rate of cooling is 

higher. There appears therefore to be little scope for the con-

trol of microstructure in thick section welds through cooling rate 

4 
towards the achievement of the 20% upper bainite optimum content 

since upper limits must be placed on weld heat inputs in order to 

restrict excessive grain growth and associated brittleness of the 

HAZ53. 
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The local expansion and contraction resulting from 

heating and cooling cycles of the welding operations, and the 

thermal shrinkage of the weld metal on cooling, create stresses 

in the weld metal and in the HAZ of the parent plate. The magni-

tude of the resultant strain field depends upon the section thick-

ness (greater strain gradients usually being associated with 

greater section thickness). 52 It has also been suggested that 

increased weld heat inputs which promote lower cooling rates 

further give rise to lower thermal gradients and hence lower 

levels of residual stress. 54-57 It is generally assumed that the 

level of residual stress is of the order of the yield strength of 

the steel. Hence higher levels of residual stress may be accommo-

dated by steels with higher yield strengths. These residual stress-

es may be relieved in welded components by application of an 

appropriate heat treatment. 

The stress relieving practice which is generally 

applied to thick section weldments in low alloy ferritic creep 

resisting steels involves heating at the rate of about 500 e to 

1000 e per hour to a temperature in the region 690 0 e - 710
o
e, 

holding at this temperature for' times up to 12 hours and then 

cooling to room temperature at the rate of about sooe to lOOoe 

per hour. 

During the application of such a heat tr~atment to 

the weld HAZ of er - Mo - V steels, carbides are precipitated 

from the supersaturated solid solution in a manner similar to 

that which would occur in a normal tempering operation. The 

type and morphology of the carbide precipitates depend in detail 
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upon the composition of the parent plate and of the ./eld metal, 

and on the temperature of the stress relieving heat treatment. 

49 58 59 
Many workers ' , have observed that a stress relief heat 

treatment of welded 101, alloy steel results in increased precipi-

tat ion of fine alloy carbides within the matrix of the weld HAZ. 

The occurrence of precipitate free zones adjacent to the grain 

boundaries has also been reported in some investigations59 ,60, 

but not in a consistent manner. It would appear from the previous 

discussion concerning the interrelation of strength and ductility 

with reference to creep resistance that there are certain major 

aspects of the microstructure of weld HAZ of creep resisting fer-

ritic low alloy steels that would lead one to expect a low creep 

ductility (viz coarse grained, intense fine precipitation, usually 

mixed upper-lower bainite matrix). It is then not surprising that 

the relief of stress in such regions by thermal methods is often 

achieved by the formation of cracks associated >lith low creep 

ductility rather than by plastic flow through creep deformation
1

,2. 

However, the major area of investigation in this field has been 

concerned with the effect of steel composition in promoting sus-

ceptibility to stress relief cracking. The actual assessment of 

susceptibility has, in the main, been made by the employment of 

two types of test procedure 

Firstly, there have been several varieties of restraint 

tests aimed at simulating the conditions existing in a real weld. 

Basically, the restraint sample, after welding , is subjected to 

differring thermal treatments , then examined and sectioned to 

determine the extent of cracking. Typical tests of this type are 
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61 the tube and plate test used by Younger and Baker ,the restrained 

62 
circular patch test and the testing of restrained longitudinal 

welds in tubular specimens
63

• Neitzner
64 

used several different 

restraint tests and concluded that the Lehigh Test was the most 

severe and the most reproducible. This general type of test is 

very useful in providing some degree of differentiation between 

various welding processes, stress relieving heat treatments, weld 

geometry and parent plate composition so that the engineer may 

assess the suitability of a given steel, welding conditions and 

geometry for a particular structural situation. However, repro-

ducibility is a major problem, and clearly it is very difficult 

to assess exactly the conditions (stress, temperature and time) 

under which any cracks are formed. 

The work of Nakamura et al.
63 

involved a large experi-

mental programme using the tubular restraint specimens, designed 

to investigate the effect of composition upcn susceptibility to SRC. 

Clearly this approach has its merits, since wherever practical 

most engineers would choose to reduce the problem by selection of 

a non-susceptible material rather than by total reli~1ce upcn 

design, welding and heat treatment specifications which mayor 

may not counteract the effects of stress concentration, levels of 

stres8 and development of susceptible microstructures. The major 

result of the. ' survey of many different composition combinations 

was the proposal that susceptibility to SRC may be described by 

the following equation: 

loG = %Cr + 3.3 %Mo + 8.1 %V - 2 (1.1 ) 

such that: 



TABLE I 

Comparison of Crac;-' ~" Suscentibili ty Index ,1IG. N ith Observed Behaviour 

Predicted 
Steel Cracking Verdict Observed Reference 

Sw::ceptibility Behaviour 
(fiG) 

A517P 
(0. 54~:o- 0. 5I.;.C,,-0. 07V) 0.89 crack badly cr'acked 59 

A517J 
(0 .0I;Cr-0.57110') - 0.08 borderline borderline 59 

C-Hn Steels - 2 safe not susceptib le 58 

It.lo-B . - 0 .5 sa:fe susceptible I 58 f 

J!Cr-HowV 2.5 crack susceptible 58 

lCr-Mo 0.5 crack not susceptible 58 

2l,;er.Ho 3.4 crack borderline 58,65 

5Cr-t~0 11.5 crack not susceptible 5B 

9Cr- t10 9.7 crack not susceptible 58 

C-l-i.!1-0.2%lo!o-0.04W -1 safe cracked 66 

C-Mn-0.2 5!3Ho-0.1S%V 0.1 borderline cracked 66 

~Cr-~Mo-V >0.5 crack cracked 67 

lCr-lI10-0.35V 5.2 crack cracked 67,68 

( facing p.18 ) 
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t.G > 0 indicates susceptible material 

t.G < 0 indicates non-susceptible material 

Clearly, emphasis is placed upon the importance of alloy carbide 

fonning elernents~ though the authors did note that there appeared 

to be a detrimental effect of B, S and Cu which they attributed 

to the possibility of these elements promoting hot cracking before 

reheating. The above equation has been applied
1 

to various re-

sults of investigations reported in the literature, as shown in 

Table I :. It can be seen that the work of the engineer in speci-

fying the welding of creep resisting low alloy steels must still 

involve a great deal of attention to the conditions of the weld, 

since the predictive capability of the above equation appears to 

36 
be somewhat erratic. Some more recent Japanese work of a 

similar nature has produced a more comprehensive relationship: 

t.G = %cr + %Cu + 2 %Mo + 10 %V + 7 %Nb + 5 %Ti -2 •• (1.2) 

within the range %C > 0.1 and %Cr < 1.5 

once again: 

t.G > o indicates susceptible material 

t.G < o indicates non-susceptible material 

Both of the above relationships place high signifi-

cance upon the vanadium contents, and it would seem that even 

small amounts are associated with a susceptible composition. The 

presence of chromium in both relationships, and titanium in the 

latter would seem to be at variance with most reported work in 

which increasing chromium tends to reduce susceptibility and 

even remove it58 and in which usually small additions of titanium
37 

are found to impart considerable reduction in the level of cracking. 
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The second type of test measures the time to fail-

ure of specimens held under various conditions of mechanical 

loading at elevated temperatures. In most cases the specimens 

have been heat treated in a manner which closely simulates the 

weld thermal cycle of a HAZ. Meitzner at al. 59 employed 

notched and smooth tensile specimens, which had been heat 

treated in a Gleeble weld thermal cycle simulation device, 

in a stress relaxation test in which the specimen was placed 

in position in the tensile testing machine, heated rapidly 

to the test temperature, strained until a predetermined stress 

level was achieved,then allowed to deform, at temperature 

under conditions of zero crosshead velocity. Earlier, Murray58 

had employed the same technique. By plotting the time to 

failure versus the test temperature, these authors produced 

"c" curve diagrams such as that shown in figllI"l 4. 

which allowed direct comparison between various steels in 

terms of the distance of the 'fracture nose' from the ordinate. 

This type of data leads naturally to the idea that 

one ~13y to avoid cracking during stress relief is to heat the 

structure at a rate which allows the 'nose' to be missed. For 

certain highly susceptible alloys this is clearly impossible. 

For example, Murray58 showed that \Cr \Mo ~V fractured in less 

than one minute at 650oC, while Meitzner
59 

showed that for 

A517F the 'nose' carne close to touching the ordinate at around 

56SoC. Nevertheless, several authors have proposed that higher 

rates of heating to the stress-relief temperature result in 

. k f 1 · f k· 49,69,70,71 lower r~s s 0 stress re ~e crac ~ng It has been 
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4972 . 
suggested ' that slow heat~ng rates allow precipitation of 

carbides to occur at a lower temperature. It is surmised that 

this leads to a condition of higher creep strength and associat-

ed loss of ductility during stress relief, so that cracking 

occurs. For fast heating rates it is proposed that appreciable 

precipitation is avoided at the lower temperatures so the stress 

may be relieved without cracking. On the other hand, it has 

been demonstrated
67 

that widely differing heating rates (30 

and 300
0
e/h) can still result in cracking of ~er ~Ho ~V steel 

plate and pipe materials of 80mm thickness. Whatever, the in-

terpretation it seems that the way in which the 'e' curves 

were generated (in terms of heating rates) is so far removed 

from the situation which pertains during practical stress 

relieving operations as described on page 15 that their use 

to determine 

Furthermore, 

optimum heating rates is incapable of accuracy. 

48 49 
as observed ' ,the possibility of autotemper-

ing during cooling of the as welded region is fairly high so 

that it would seem that variations of heating rate during the 

reheat treatment cycle offer little scope for varying the in-

tensity of precipitation, and clearly there is always the dan-

ger of causing a seriously increased stress level due to 

differential heating effects which arise during the rapid 

heating of thick-section welds. Finally,the assessment of 

ductility through rupture ~ measurement ignores the fact 

that SRe of weld HAZ's always occurs at low strain. 

A recent variant of this type of test is one in 

which fatigue cracked, three point notched bend specimens are 
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held at temperature, under conditions of constant load. 

Isothermal plots of initial stress field intensity (k
Ii

) 

versus time to failure are then presented73 ,74 which illus-

trate difference in susceptibility between various steels 

in terms of the value of kIi to cause failure at a given 

temperature. 73 
Saunders extended the applicability of such 

data by estimating the size of defects which could be ex-

pected to cause failure in a given time at a particular 

temperature. Although it is important to try to place the 

study of stress relief cracking on a more quantitative basis, 

particularly from the aspect of defect tolerance levels during 

stress relief, subsequent work37 has suggested that the levels 

of resolution and reproducibility of the assessment of SRC 

in these investigations does not exceed those attained by any 

of the previous work. 1 73 It has been suggested' that loading 

conditions of stress relaxation under constant strain rather 

than the presently used constant load conditions would more 

closely simulate the situation existing within a weld HAZ. 

It has been indirectly proPosed by Boniszewski 

75 and Eaton that these limits of resolution and reproducibility 

experienced in attempts to assess the susceptibility of a parti-

cular class of steels may be explained in terms of apparently 

minor cast to cast variations. Often in one set of experiments 

a particular composition appeamto be susceptible whilst in 

another (for nominally similar conditions) it appears to be 

safe. Even the case of ~Cr ~Mo \V is cast in some doubt when 

one considers that almost every test finds it to be extremely 
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suscept ible , and yet there are very many service welds in 

this material which have been stress relieved and Subjected 

to creep operating conditions without illly sign of premature 

f ·1 I 1 · d · . 76 . k· al. ure. n an ear l.er l.SCUSSl.on BOnl.SZeloTS l. remarked: 

"In reheat cracking;' the failure occurs at grain bound-

aries but intergranular strengthening is blamed for this. 

There are steels, the high temperature strength of which 

is almost as high (2!,;Cr - 1Ho) or higher (6Cr-1Mn-1Mo-W-V-Ti, 

12Cr - lMo(H)- V - Nb) than that of Cr - Mo - V steel, but 

they are less (2!,;er - lMo) or even not at all susceptible 

to reheat cracking. Therefore instead of thinking about 

lowering the intragranular strength, we should aim at 

improving the resistance of graif'. boundaries to creep 

rupture" . 

It is clear from subsequent work75 that in parti-

cular Boniszewski was referring to the effect of trace ele-

ments, in the context of resistance of grain boundaries to 

creep failure. In this latter work
75 

a detailed examination 

of the fracture surfaces of weld stress relief cracks in 

~Cr loMo l,;v steam pipe >las made using scanning and transmission 

electron fractography. It was shown that the intergranular 

fracture facets were cov~red with small cavities, each of 

which loTas associated with particles of V4C3 , 200 - 600 ~ in 

diameter which indicated the possibility of heterogeneous 

cavity nucleation (as discussed in the next section). 

*An alternative term for stress relief cracking. 



23 

However, in their discussion they remarked that strong effects of 

thermal facetting were observed in cavities and on crack faces, 

which were interpreted as indicating that impurity segregation .to 

grain boundaries might promote premature creep rupture. As already 

mentioned, the detrimental effects of certain trace element addi-

tions upon creep rupture ductility has been widely reported. With 

77 78 . respect to SRC it has been shown ' that h1gher levels of impurity 

elements (e.g.p) and trace elements (e.g. Cu,As, Sb and Sn) can 

markedly increase the susceptibility of Cr - Mo - V steels. In a 

study of the effect of the sum total of residual elements
8a

,it was 

found that increasing the total contents of (P + Cu + Sn + Sb + As) 

resulted in a marked increase in the degree of cracking. Earlier 

work49 demonstrated that a ~Cr ~Mo ~V steel containing 0.2%Cu and 

0.3%Sn failed more rapidly during stress relaxation testing than 

when containing O.l%Cu and 0.2%Sn. 

l~etallurgically, three major factors have been identi-

fied as contributing to the likelihood of failure within a weld HAZ 

during thermal stress relieving: 

(i) The presence of an intense distribution of fine alloy 

carbide (usually V
4

Ca) precipitates within the HAZ 

matrix, and along prior austenite boundaries. 

(ii) The presence of a largely bainitic (mixed upper and 

lower) microstructure contained within large prior 

austenite grains of the HAZ. 

(iii) The possibility of grain boundary contamination by 

minor trace elements. 

Chemically, the effect of basic composition is some-
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what ill·-defined though it does appear that elements such as 

vanadium and molybdenum are usually present in steels which ex-

hibit this type of failure, while high chromium contents and 

small additions of niobium, titanium or zirconium appear to 

produce beneficial reductions in the extent of cracking. It is 

noted at this stage that all six of the above mentioned elements 

show a fairly strong tendency to form fine dispersions of alloy 

carbides and in this respect the beneficial effects of titanium 

and zirconium on rupture ductility may be explained by postulat

ing
33 

that the supposed TiC and ZrC precipitates effectively bind 

carbon and minimise V4C3 formation. However, by the same token, 

other effects of composition
42 

remain unexplained unless, as 

. d 75.. d h .. . h po~nte out ,lt 1S assume t,at some 1mpurlt1es promote t e 

formation of V4C3 particles , on grain boundaries, of a size 

critical for cavity formation. 

One possible reason for the present incompleteness 

in the understanding of the phenomenon of SRC is the dichotomy of 

requirements which exists between welding engineers and alloy 

developers . On the one hand the engine8r would like to know 

simply whether a steel is susceptibl e or non-susceptible , Hhile 

on the other thc alloy developers have been largely interested in 

the Hay in l~hich a specific alloying addition affects the engin-

eel's' measure of susceptibility. As a result very little of the 

work produced has attempted to investigate systematically micro-

structural variables such as -

(a) prior austenite grain size; 

(b) matrix form and stability; 
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(c) impurity content. 

For example, although the failed regions of a stress 

relieved HAZ have been shown generally to fall close to the fusion 

boundary (figure 1), where the grains are coarse, no attempt has 

been made to show if there is a lower limit to grain size below 

which such failure either does not occur, or is ameliorated. There 

appears to be little data upon the grain coarsening characteris-

tics of the Cr - Mo - V class of steels. While it is desirable 

that the engineer should have some means of assessing the suit-

ability of a particular steel in a particular welding situation 

it is clear that the tests so far used offer only limited scope 

for assessing realistically the conditions of time, temperature 

and composition under which failure occurs. 

1.4 Brittleness of Metals at Elevated Temperatures 

As discussed in th8 previous sections an important 

aspect of creep resistanc8 in metals, is the resistance to the 

development of intergranular cavitation The appearance of 

brittleness during elevated temperature exposure of metals is 

genp.rally observed during tensile testing (i. e. constant load, 

constant stress, constant strain or constant strain-rate creep 

tests) in the temperature range O.3Tm to O. 9Tm, and is associated 

with a change in fracture mode from transgranular to intergranular. 

32 An early attempt to rationalise this problem involved the concept 

of equicohesive temperature illustrated schematically in figure 5, 

which shows the strengths of grains and grain boundaries as a 

function of temperature. Above a temperature, the equicohesive 
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temperature, the grain boundary apparently becomes strength 

limiting. 

1I9 In the context of SRC, it has been proposed that 

either increasing the strength of the grains by the formation of 

an intense distribution of fine V
4

C
3 

precipitate, or lowering the 

strength of the boundary, through contamination, or both, may re-

duce the equicohesive ta~perature and thereby increase the tend-

ency for intergranular failure. 

In fact, the creep strength of the matrix is not con-

sidered specifically in any theoretical treatment of intergranular 

failure , although frequent reference is made to the importance 

of this property in determining whether a local stress con centra-

80 
tion may be relaxed • Observations of the form of intergranular 

f 'l h . 'f ' db ' d f k f . 82 h a1 ure ave 1dent1 1e two aS1C mo es 0 crac ormat10n • T e 

first involves cracking at grain boundary triple junctions, com-

monly called w-type voids, which seems to be favoured by higher 

stresses, while the second has been recognised as the formation 

of cavities or r-type voids on grain boundaries which are approxi-

mately normal to the applied stress, and is usually associated 

with conditions of low stress. The two types of cracking are 

82 
frequently observed to occur together and it is now considered 

by some workers 83 that the classification is artificial. Neverthe-

less, a large amount of work has been devoted to consideration of 

h 
. . 81,82 , 811 the existence of the so called Stro -McLean trans1t1on 

during which a change over of the dominant mode is thought to 

occur. 

The development of a theoretical understanding of 
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cavitation has generally described three stages in the promotion 

of final failure: 

(a) nucleation of cavities 

(b) growth of cavities 

(c) unstable fracture. 

Host attention has been given to the first two stages, but as 

yet no theory has successfully incorporated all three stages to 

allow reliable prediction of the widely used parameter of rupture 

life. Treatments of nucleation have involved both homogeneous 

and heterogeneous mechanisms. Briefly, the former mechanism 

85-88 
originally proposed by Greenwood involves the agglomeration 

of lattice vacancies under the action of the applied stress on 

. 89 92 to grain boundaries. Later exper~rnental work ' suggested that 

homogeneous nucleation was highly improbable. Since then, as 

81 discussed by Perry all models have assumed nucleation to be 

heterogeneous, involving the presence of grain boundary ledges 

or particles and based on a combination of stress and grain 

boundary slidipg. 

Two general types of mechanism have been invoked 

. I 1 . 81 to expla~n 1eterogeneous nuc eat~on • The first concerns the 

formation of nuclei in association with steps or ledges in grain 

boundaries, which have been supposed to result from the inter-

section of slip traces or sub-grain boundaries with the grain 

93 
boundary Chen and Hachlin94 ,95 pointed out that any dis-

continuity on a sliding boundary could be expected to generate 

sufficient concentration of stress to cause a void to nucleate. 

Alternatively, local break-down of grain boundary adhesion 
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associated "ith precipitates or impurity particles (possibly of 

low adhe 'on '~h th t') d 'd l' 96,97 ,98 S..&. \i~ Lerna rl.X can pro lice VOl. nue e1. • 

The evidence for the first case rests on metallographic observations 

f ' ,95 d h' o cav~tat~on an also on t e ab~lity to induce cavities to form 

on boundaries at 45
0 

to the applied stress, by pl'eGeforming to 

99 produce suitable steps In the second case, association of 

cavities with particles in grain boundaries has been observed by 

a number of authors98 ,100, Removal of such particles is observed 

to increase ductility at elevated temperatures, This latter ef

fect has also been associated with grain boundary migration101 in 

copper, in which extended creep ductility was thought to result 

because migration destroyed boundary jogs, thereby preventing 

nucleation. 

With regard to low allow steels, association of voids 

with carbide particles on prior austenite grain boundaries in 

b ' , , 1 h b b d75 , 102 al.nl.tl.C stee as een 0 serve . The former observations 

have already been discussed, the latter were made on specimens 

which had been creep tested at 5500 C and a stress of 232 MNm- 2• 

The cavities occurred on prior austenite gr~in boundaries in 

proximity to one or more large carbide particles and in areas 

containing fewer dislocations and much less fine precipitate than 

found in the bainitic matrix (which appears to be at variance 

• h h b ,33 • ' . t f ) N w~t teo servat~ons concern~ng prec~p~ta e ree zones. 0 

evidence of facetting on the surfaces of the cavities was fOlli,d, 

and this was attributed to the lower temperature of formation 

of cavities, no mention being made of impurity interaction or 

differing conditions of stress application. Nucleation and growth 

I 
' I 
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of cavities we~e widesp~ead and continuous th~oughout the c~ep 

tests on g~ain su~aces subjected to both she~ and normal com-

ponents of st~ess. These obse~ations ~e in agreement with 

81 
conclusions of Pe~~y who in his ~eview summ~ised that expc~i-

ments have shown that grain boundary sliding with a net st~ess 

ac~oss the g~ain boundary is an essential featu~e in the nuclea-

tion of cavities d~ing creep, and that cavitation begins at the 

beginning of the c~eep test and is continuous th~oughout the 

duration of the test. 

The t~ansition to the g~owth stage is generally felt 

to be dependent upon the stability of the growing nucleus. Below 

a ce~tain size the void requires an input of energy fo~ continued 

104 
g~owth. while above that size stable growth will occu~. ~!CLean 

considered nucleation as the p~oblem of growing a hole to ~adius 

of c~vatu~e rc given by : 

r c = 
2y 

o 
(1. 3) 

whe~e y is the su~face energy per unit ~ea, and 0 is the stress 

acting upon the hole. Fo~ I' < ~c the hole is thermodynamically 

unstable and may collapse. McLean estimated that a local stress 

concent~ation of 100 - 1000 is needed to produce a stable hole. 

105 
The pile-up model of Smith and Bamby suggested that the 

st~esses generated by a dislocation pile-up at a discontinuity 

such as a grain bounda~y pa~ticle should be sufficient to allow 

the conditions fo~ nucleation to be met frequently in practice. 

The treatment of the stage of stable cavity g~owth 

has received the most attention both theoretically and axper'i-

mentally. It is the easiest stage to observe. Neve~theless, 

'I 
1 
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there still exists a great deal of ~~certainty with regard to the 

relative importance of the various models. As stated previously, 

all of the theories assume a stable matrix in the sense that the 

properties of the grain are time independent. Earlier theories 

also assumed that the stress remained constant up to fracture, 

though some authors have now attempted to refine the models by 

estimating the increase of stress in the region of the void "'hich 

results as the cavity volume increases. As >lith nucleation tHo 

basic approaches to the phenomenon have been developed, one in-

volving vacancy flow, in which the difference in chemical 

potential of atoms at a region of high stress in the cavity (e.g . 

the periphery along the boundary) and of those at lower stress 

in the boundary causes a net influx of vacancies and hence cavity 

growth. The other envisages growth resulting from continued slid-

ing and associated strain controlled enlargement of the void. 

85-88 The work of Greenwood already cited in connec-

tion with nucleation, had envisaged continued gro;rth also occurr-

ing by vacancy condensation, at the high temperatures and low 

strain rates involved. A model for growth by vacancy accretion 

by Balluffi and Seigle106 considered vacancies flowing to the 

voids from the trrulsverse boundaries. It predicted that no trans-

verse void growth should occur under compressive stress, which 

. . f . 107 d was confirmed durlng compresslve creep 0 magneSlum an recent-

ly in uranium dioxide 108. The work of Hull and Rimmer
114 

studied 

the creep of copper under both tensile stress (cr) and hydrostatic 

stress (P). They developed an analytical model which allowed 

calculation of the growth rate of cavities on the basis of 
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vacancy condensation on 'non-wetting' particles, and assuming 

that the cavity remained spherical, they showed that the rate of 

increase of radius (r) was given by: 

where 

dr 
dt = 

a,P~r 

Dg oz n (a - P) 
2kT a r 

as defined above 

Dg grain boundary diffusion coefficient 

oz effective grain boundary width 

a cavity spacing 

n atomic volume 

k,T usual meaning 

( 1 . 'I) 

The rupture time was then calculated by integrating 

the above equation and assuming that final separation occurs 

when r = ~, giving 

kTa3 
=-....:..:.:.::.....--

'IDg oz n(c-p) 
(1. 5) 

Further modificatians110-116 of the original analysis 

have refined the treatment to deal with continuous nucleation of 

voids, increase of stress in the vicinity of the voids and details 

of void geometry and spacing. The recent treatment by Raj and 

Ashbyl16 is particularly comprehensive, dealing with variables 

such as grain size, precipitate size, precipitate distribution, 

void type, continuous nucleation on sliding and non-sliding 

boundaries and applied strain rate. They apply classical nuclea-

tion and growth concepts to predict the existence of ductility 

minima by calculating rupture life as a function of temperature, 

for the various conditions described above. 

This model is summarised schematically in figure 6. The strongest 
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experimental support for growth by vacancy condensation comes from 

work in which the application of hydrostatic stress, to achieve 

the condition a=P, inhibits cavitation. Ratcliff and Greenwood103 

showed that further cavitation in magnesium >las completely sup-

pre3sed by the application of hydrostatic pressure, no matter 

what stage the creep process had reached. 

Th . 103 . 
ese experl.ll1ents are not un~versally accepted as 

critical evidence for vacancy growth. In the opinion of Machlin118 

for example, the experiments only show that a net stress difference 

across the boundaries is necessary to prevent re-cohesion. A 

further objection relates to the temperature dependence of growth 

rate. According to Raj and Ashby's analysis
116

, as the tempera-

ture increases, the stress required to maintain a given strain 

rate falls in such a way that the growth rate increases. Obser-

vat ions that the area of visible voids at a particular strain was 

independent of temperature (in the range of 6500 
- 9000 C) have 

119 been reported Further, examples of linear increase of void 

120 121 . volume with strain have been reported ' wInch would seem to 

indicate that grain boundary sliding may contribute directly to 

void growth. 
81 The review of Perry summarises the large amount 

122 of experimental evid~nce concerning the study of void shapes , 

angular distribution of cavity containing boundaries123
, varia

tions of grain size
124 

and the effect of stress reversals
125 

which has been presented in support of the contention that void 

growth is to a large extent controlled by the extent of grain 

boundary sliding and associated deformation processes. This 

effect has largely been ignored in theories of growth by vacancy 

. I 
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control. The analysis of Raj and Ashby116 incorporates boundary 

sliding merely to account for an increase in the stress level 

acting upon a void which is und~rstood to grow only by vacancy 

condensation . 

A f 1 
• • • 120,126 

urtler cr1t1c1sm of vacancy control arises 

from the observation t hat the diffusion coefficient is only 

slightly affe cted by alloying, whereas creep and cavitation rates 

can change markedly. It would appear that deformation due to 

vacancy controlled void growth is most likely to be important at 

low tr 108,114,127 s esses • 

It is doubtful that anyone mechanism of growth oper-

ates individually. The situation is more likely to be one in 

which several modes inVOlving crack propagation from void apices, 

tearing between voids, internal necking with enhanced intercavity 

sliding, grain boundary sliding and vacancy condensation are 

possible, of which one or more may dominate under a given set of 

condi ti ons . 

The final stage at which the gro~lth becomes unstable 

is the least investigated and understood. In all of the calcula-

tions of rupture life from theoretical growth laws it is assumed 

that final fracture occurs when the area fraction of voids in a 

specimen reaches some specified value. Generally no account of 

stress intensification or plastic instability is made. In a 

detailed analysis of grain boundary sliding and diffusional creep128 

it was shown how the stress upon a boundary is redistributed when 

diffusional accommodation is allowed. In the light of this obser-

• . d128 h t vat10n 1t was commente t a : 
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" It is not generall.yrealised that standard elastic solutions 

such as those for an elastic crack, are not applicable to 

problems of grain boundary sliding at high temperatures 

(when diffusion is possible) because of this redistribution 

of stress u. 

Such considerations would tend to place in doubt the analysis of 

Williams
129 

which treated the opening produced during the growth 

of a ./edge crack, as shown in figure 7, allowing final failure to 

occur when the crack tip opening displacement attained a critical 

level. 

130 
Recent work has shown that the final failure mode 

and associated ductility, during hot fracture of an industrial 

copper-base alloy, changes with grain size (figure 8). At fine 

130 
grain sizes «100 ~m) they propose an 'intergranular void sheet' 

mechanism, which is essentially based upon the analysis of 

HcClintock131 dealing with the growth of vcids in the context of 

ductile fracture. For coarse grain sizes the stress to cause 

unstable intergranular crack propagation is influenced by the 

crack length, but it appears that caution is necessary in applying 

simple linear elastic fracture mechanics concepts . ~,ith regard to 

136 this latter point, other Imrk has recently shmm that the rupture 

stress of a 20Cr - 35Ni alloy which was fractured in an intergranu-· 

lar manner at 7000 C could be related to the length of the largest 

crack through the relation: 

n constant (1. 6) a c = 
where a = rupture stress 

c = largest crack length 
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with n = O,55(±O,07, 95% confidence limit) 

This result was interpreted as shOl;ing that the Griffith criterion, 

ale = constant, is a good description of the relationship between 

rupture stress and crack length, Incidentally, it is notable 

that the grain size of the material used in this investigation 

was of the oroer of 40 JIm, which according to the previous class

'f' ,130 
~ ~cat~on should fail by the ductile coalescence of voids. 

Measurements of the area fraction of voids at fracture were also 

132 
reported which exhibited a clear stress dependence, being 

approximately inversely proportional to rupture stress . 

Another aspect of cavitation. is that which occurs 

during superplastic deformation, This is dealt with now because 

it clearly shows the inadequacy of present theories of inter-

granular failure with particular reference to the way in which the 

final fracture is ignored, Micrograin superplastic flow charac-

teristically occurs at low flow stress and usually results in 

h ' h '1 d '1' , h l' l ' 1 'd f ,133,134 l.g tensl. e uctl. l.ty lnt l. tt e ~nterna VOl. ormat~on , 

H II f abl h ". 135 ow ever , some a oys 0 copper, not y t ose contal.nl.ng Zl.nc 

" 136, 137 or aluml.nl.um ,and some ~ron-carbon alloys have been found 

to cavitate at either grain or interphase boundaries during super-

, f 'I k138 b ' f . , plastl.c de ormatl.on, n recent wor 0 servatl.ons 0 caVl.tatl.on 

at grain and phase boundaries during superplastic flow of an aluminium 

bronze were made which showed a gradual development of voids with 

increa:oed strain. which behaviour ,;as suggested to be consistent 

with nucleation by grain boundary Sliding as observed in creep, 

However, the occurrence of cavitation was not observed to PI'O-

mote a serious loss of ductility (values in excess of 200% 
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elongation were reported in specimens for which the extent of 

cavitation was greatest), which suggests that during superplastic 

deformation cavity interlinkage by internal necking is inhibited 

. h th th t th t f t 1 k ' . d d133 
~n muc • e same way a e ra e 0 ex erna nec ~ng ~s re uce • 

This contention is supported by the observation138 that elongations 

greater than 700% failed to produce complete failure in specimens 

of aluminium bronze deformed at a strain rate which corresponded 

to a maximum strain rate sensitivity of the flol< stress. Cavities 

increased in frequency as the strain rate was increased above 

this value. Final fracture at lower strain rates took place by 

gentle necking until point separation occurred. Final fracture 

at greater strain rates never achieved 100% reduction in area 

but instead resulted from the continued nucleation and growth of 

the cavities and interlink age by internal necking betl<een them. 

Even though certain evidence apparently supporting 

the critical area fraction of voids criterion for final fracture 

. . lb' d d139 . • 1 h 1 t f ~s st~l e~ng pro uce , ~t ~s c ear t at, at eas , or con-

ditions of extreme brittleness and extreme ductility of m8tals 

at elevated temp~rature (i.e. those of greatest engineering 

interest), it is not appropriate. t10reover, there is little 

theoretical justification for it. It is in this context that the 

recent theory of intergranular fracture at elevated temperatures 

. 116 . . . d144 according to RaJ and Ashby has been cr~t~c~se • 

With regard to the interpretation of SRC in terms of 

current views of intergranular failure, there are several major 

difficulties. Not l east among these is the fact that there is 

little reported data giving details of the conditions under 
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which the cracks, or cavities, are formed. As already discussed 

the derivation of the 'e' curves has been somewhat artificial, 

and the accompanying metallography has gener-ally concentrated 

upon the matrix, rather than th ~ cavities. During these studies 

it has, hOHever, been shown that the matrix is by no means stable. 

Fractographic studies75 ,102 have shown the close association of 

vanadium carbide particles with cavities formed in low alloy 

Cr - Mo - V steels at elevated temperatures. Since these preci

pitates are generally formed coherent with the matrix, the condi

tion of 'non-wetting' particles for the nucleation of creep 

cavities required by most of the aforementioned theories does 

not appear to be met. 

On the other hruld several factors which could contri

bute to the phenomenon have been identified or underlined. The 

first of these is clearly grain size. Most observations and 

predictions agree that a coarse grain size is effective in reduc

ing ductility during intergranular failure. Grain boundary 

migration, clearly very difficult in the case of prior austenite 

grain boundaries in baL.itic or martensitic steels, is usually 

associated with increased resistance to cavitation failure. 

Grain boundary irregularities in the form of ledges or precipi

tates are required as sites for heterogeneous nucleation. 

Transformation products such as bainite or martclnsite are well 

known to cause considerable surface relief effects, so it seems 

plausible to assume that prior austenite grain boundaries will 

be similarly rumpled after transformation. The existence of 

grain boundary precipitates is well established. Lastly is the 
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effect of purity. The lack of cavitation reported in pure 

al . . 90. k 
um~n~urn ~s ta en by many workers to indicate that all cavita-

tion phenomenon in commercial alloys may be basE:d on the segrega-

tion of bnpurities to the grain boundaries. 

1. 5 Summary 

Stress relief cracking in low alloy ferritic creep 

resisting steels is understood essentially as a problem of low 

creep ductility, involving unstable intergranular crack growth 

at low strains. Although the previous work on SRC has failed to 

elucidate precisely the conditions under which crack growth occurs, 

it is usually assumed to be promoted by the creep strengthening 

of the grains during the formation of a fine dispersion of alloy 

carbides. In Cr - Mo - V steels, the formation of V
li

C
3 

is seen 

to be particularly important in this respect. For the most part, 

the assessment of susceptibility to SRC has been concerned with 

the effect of composition and it appears that although the above 

assumption may represent a necessary condition, it is not suf-

ficiant to provide reliable prediction of the occurrence of SRC 

in a particular steel sample. 

In terms of the formation of intergranular cavitation, 

SRC may be ul'lderstood as a problem involving the rapid onset of 

the final stage of unstable crack growth. None of the theoretical 

treatments currently available is able to deal with this stage 

satisfactorily. Indeed, it is ignored by most, since it is under-

stood to contribute only a small fraction of the estimated rup-

ture life. However, experbnental observations of intergranular 
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cavitation immediately prior to final failure show that it is 

possible to develop large strains to failure during this final 

stage of rupture. It appears that the major controlling factors 

in the process are the grain size, the stability of tensile de

formation and the grain boundary cleanliness. It is possible 

that these three factors may not be independent. Clearly, a de

finition describing SRC as a problem of reduced rupture life is 

insensitive to the effects of these factors and the importance 

of this is underlined by considering that even though the levels 

of residual stress within a weld HAZ may be of the order of the 

yield strength of the steel, the levels of residual strain will 

be 101< (say 0.5%). In this way, aUhough measza>ed 1'Uptta'e straina 

of 0.2% and 2% may represent the di1jFerence between susceptib~ 

and non-8usceptib~ materiaZ, the difference in measta'ed 1'Uptta'e 

Zives at this level of strain will be negligible. 

The investigation described in the following pages 

was carried out to examine some of these points in detail. 

Chapter two discusses a series of preliminary experiments made 

on two samples of commercial ~Cr ~o \V steel which were designed 

to investigate the extent of grain strengthening at elevated 

temperatures in this material. Chapter three describes the ten

sile mechanical properties of these samples as a function of 

temperature , and prior austenite grain size. The work described 

in chapter four examines the effect of stability of tensile 

deformation in promoting low ductility durL,g failure of the 

commercial samples by intergranular cavitation. Chapter five 

describes a series of experiments where the conditions under 
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which failure occurs during a stress relief heat treatment are 

clearly established. The sixth and seventh chapters examine 

the effect of sample purity upon the strength of the grain boun

daries. The final chapter discusses the observations in terms 

of currently accepted theories of intergranular failure, and 

goes on to make recommendations towards realistic test procedures 

for assessment of susceptibility to SRC, as well as possible 

practical routes for the avoidance of SRC. 



(a) 

(b) 

Figure 1. (a) HAZ cracking in A517F (Ref. 64) 
(b) HAZ cracking in l.:;Cr \Me ~V ( Ref. 50 ) 

(N.B. A517F composition is basically o.ster 0.5tMP O.l'V) 
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(b) Model used (Williams, 129), in which crack 
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a 'critical' crack length. 
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CHAPTER II 

The Approach to the Problem 

2.1 Selection of Material 

From the discussion of the previous chapter it is 

apparent that the occurrence of stress relief cracking in low alloy 

steels is frequently associuted with the presence of vanadium in 

the alloy composition. In particular, the widely used material 

~r ~Mo ~V is often described as being inherently susceptible. 

It was decided to confine the investigation mainly to this mater-

ial in order to ascertain the reasons for its apparent ability 

to appear susceptible in some instances and safe in others. 

Accordingly, two samples of steam pipe material were obtained, 

one from t1cssrs C. A. Parsons and Sons, and one from the C. E. G. B. 

In service these pipes had proved to be respectively non-suscept-

ible and susceptible to stress relief cracking. Further materials 

examined were high purity ~Cr ~Mo ~V and high purity 2~Cr lMo 

provided by Mr.H.Tipler of the N.P.L. 

The chemical composition of each of these materials 

was determined by wet analys is and is sho~m in 'fable . II. The 

commercial materials are labelled (A) (Non-susceptible) and (B) 

(Susceptible ) . 

Following the work of Nakamura et 
63 

al. values of 

6G, the 'susceptibility index ' , were calculated for each of the 

above compositions from the relationship -

6G = %Cr + 3 . 3 %Mo ;- 8 .1 'tV - 2 (1.1 ) 

The results are shOl-lll in Table III. 
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Alloy 

A 

B 

H.P.~Cr' \Mo \'1 

H.P. 2\Cr> lHo 

c Cr> Mo 

0.12 0.39 0. 52 

0.13 0.54 0.61 

0.11 0.39 0.50 

0.1'1 2.12 1.07 

TABLE II 

Chemical. Analysis of Alloys Used (wt\) 

Element 

V S P As Sb Sn Cu Pb H 0 

< < 
0.22 0.012 0.01& 0.013 0.003 0. 010 0.059 0.01 '" it 

< 
0.24 0.011 0.017 0. 030 0.00& 0.016 0.130 0.01 >\ it 

< < 
0. 26 0.004 0.009 0.003 0.001 0.003 0.003 0.001 0.001 0.001 

< < < 
- 0.003 0.006 0.001 0.001 0.002 0.004 0. 01 " " 

< indicates content is less than the quoted figure 

indicates not detected 

'" indicates not analysed 

Hi Mn Si Ti Nb At 

0.055 0.55 0.24 - - -

0.062 0.62 0.27 - - -
< 

it {: 0.01 to it -
< < < 

0.01 0. 01 0 . 01 1< * -
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TABLE III 

Values of susceptibility index, ~G for above alloys 

Alloy ~G 

A 1. 89 

B 2.50 

H.P. '!::Cr" ~No ltiv 2.15 

H.P. 2ltiCr lHo 3.65 

Since positive values of ~G are taken to indicate 

susceptible material, it would appear that all of the above mater-

ials should exhibit SRC. With regard to the possible effect of 

77 trace elements, previous work has suggested that a me asure of 

the total percentage of (P + Cu + Sn + Sb + As) gives some indi-

cation of the cracking tendency of the material. The figures for 

the materials used in this investigation are shown bela,", in 

Table IV. 

TABLE IV 

Total content of certain trace elements 

Alloy wt % (P + Cu + Sn + Sb + As) 

A 0.101 

B 0.199 

H.P. !.Cr \Ho ltiv 0.019 

H.P. 2ltier lHo 0.014 

It would appear that this approach could give a better 

classification of susceptibility to SRC. Other work 44 which is 

summarised in figure 2 ,",auld seem to indicate that both of the 

commercial alloys should be susceptible with respect to contents 

of phosphorus, arsenic and a.'"1timony with marginal safety with 
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respect to Tin while the pure m~tals would appear to be safe in 

all respects except that of antimony which appears marginal. 

No details of deoxidation practice used in the manu-

facture of the pipes were available. It is notable that no 

Ti, Nb or AA could be detected in either sample. Lastly, 

it is apparent that among the \Cr ~Mo ~V samples the carbon con-

tent is more or less the same, while it is slightly increased in 

the 2~Cr lMo sample. 

2.2 Austenite Grain Growth during Solution Treatment 

The initial part of the investigation was conducted 

using the commercially produced s~Rples. Results obtained on the 

high purity samples are presented later on. As discussed 

in the previous chapter the importance of grain size in promoting 

low creep ductility has been realised for some time, but little 

quantitative assessment of its effect in promoting SRC has been 

reported. Since the problem is generally associated Hith failure 

along prior austenite grain boundaries it is this grain size that 

is of primary interest in the present investigation. Previous 

k141-144 Hor has been mainly concerned ldth austenite grain re-

finement as it relates to the production of a fine ferrite grain 

size in plain carbon-manganese steels. Basically , the production 

of a fine austenite grain size is considered to be promoted by 

the existence of fine precipitate particles on the grain boundaries 

which remain stable, and thereby effect a pinning action upon 

the boundary, through their restricted solubility in austenite 

at the solution tpeatment temperature employed. 



Carbide* forming elements such as vanadium, zirconium, niobium 

and titanium together with nitride formers such as aluminium 

are recognised to be effective in this respect. 

The elements niobium and titanium (in the form t1(CN» 

appear to be most effective in preventing grain growth at tempera

tures up to about 11S0oC. Aluminium, in the nitride form is re-

cognised as being able to inhibit grain growth at temperatures 

up to about 10S0
o

C. In the oxide form aluminium is ineffective 

as is zirconium. Although vanadium carbonitride is recognised by 

most workers in the field of austenite grain growth as being an 

effective grain refiner at temperatures up to about 1100oC, it 

3 has been reported that varying the solution treatment temperature 

of vanadium-containing steels does not alter the magnitude of the 

precipitation of vanadium carbide during subsequent tempering, 

which has been understood to imply that there is no significant 

difference in the amount of solution during austenitisation
14S

. 

This latter observation is not borne out in the present work as 

is discussed in the next section. 

The solution treatments employed in the investigation 

of SRC have generally taken the form of simulated weld thermal 

cycles. However , in this work it was decided to study grain size 

as a controlled experimental variable and as such it was felt that 

* h b d·· 141 . h ib'l't There as een some ~scuss~on concern~ng t e poss ~ ~ Y 
that nitrides of these elements may in fact be particles res
ponsible for austenite grain refinement. Since they are 
generally isomorphous with the carbides, and mutual solubility 
of carbon or nitrogen may occur in either species, the 
particles are often referred to as carbonitrides M(CN). 
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standard forms of heat treatment would allow a more reproducible 

variation in grain size . In the first instance a 'single' solu-

tion treatment Has studied, in which specimens were heated for 

one hour at the solution treatment temperature (in the range 

10000 C to 1300oC). Then a second series of 'double' solution 

treatments was investigated in which the specimen was given a 

one hour exposure to a temperature in the range 10500 C to 12000 C 

followed immediately, without intermediate cooling, by a 10000 C 

soak, for one hour . It was anticipated that this latter heat 

treatment might establish whether any vanadium carbide taken into 

solution during high temperature austenitisation could be repre-

cipitated at the lower temperature. 

Disc specimens (10mm dia., 1mm thick) from each of 

the samples were encapsulated in sealed silica glass tube, into 

which a small partial pressure of dry argon had been admitted 

-4 after evacuation to 10 Torr. Heat treatments as described were 

then carried out in horizontal tube furnaces , after which the 

specimens were water quenched. The specimens Here then mounted 

and prepared for optical examination and grain size measurement. 

Initially, the etch used was the picric acid etch >lith additions 

of CuC12 and a wetting agent, which has been used by several 

k 144,146 1 1 • t·t . b d . wor ers to revea tle pr~or aus en~ e gra~n oun ar~es. 

However it was found that a procedure involving the use of a 10% 

Nital etch , in are-polish, re-etch sequence, provided quicker 

and more consistent revealing of the boundaries. Examples of 

coarse and fine grain sizes are illustrated in figure 9. 

The grain size was measured using a circular intercept 
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method on a Zeiss Neophot metallurgical microscope upon "hich 

a field of view of known magnification was projected onto a 

ground glass screen, " ith a circle of known diameter superimposed 

upon it. It was possible to arrange the magnification so that 

the number of boundaries intersecting the circle (as shm-m 
, 

schematically in figure lal "as in the range 20 - 30. A close 

approximation to the mean linear intercept was then calculated 

using the equation: 

if = 211r 
M"n 

(2.1) 

The percentage difference between this estimate of 

mean linear intercept and onc determined using the projected 

straight line is given by the equation: 

= 

In 

(1 -
n . 
- Sl!l 
11 

11 
) x 100 

n 

equations (2.1) and (2.2) 

d = mean linear intercept 

I' = circle radius 

M = magnification of field 

n = number of intercepts 

(2 . 2) 

of view 

Equation (2.2) indicates that percentage difference is 

less than 1.00% for 20<n<30. Considering that this .method proved 

to be considerably less fatiguing and therefore allo,/ed a greater 

number of boundaries to be counted (about 200 for each specimen), 

the results arc probably more accurate than comparable convention-

al mean linear intercept valuc determinations (generally involv-

ine about 30 to 50 boundaries per specimen). The results of the 
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grain size measurements from the commercially produced alloys are 

shown in figure 11. It is imnediately apparent that alloy B (the 

susceptible material) achieves a greater extent of grain growth 

than alloy A, for equivalent heat treatment. Furthermore Ifithin 

the range of scatter (one standard deviation) the effect of double 

solution treatment does not markedly change the observed grain 

size for a given material. The mean values, as plotted, suggest 

that some grain refinement occurs, for the higher initial solu-

tion treatment temperature. The reasons for this difference in 

grain growth characteristics 'Iere not investigated in detail. 

The compositions of the steels do not suggest that any of the 

grain refining elements mentioned previously is present in one 

steel to a greater extent than in the other. The samples were 

supplied in the "fully heat-treated" condition, which probably 

implies that they were solution treated in the region 9500 C to 

lOOOoC, normalised and tempered in the region 6500 C to 7000 C. 

Further, both samples were taken from extruded seamless pipes hav-

ing the same nominal dimensions of 250mm 1.0. 80mm wall thickness, 

so that their respective thermo-mechanical history >:ould appear to 

be nominally similar. However, it is not known in detail what the 

effects of prior treatment are, upon the austenite grain growth 

147 
characteristics of this type of steel. t·lcMahon has suggested 

that austenite grain size achieved in certain steels is strongly 

dependent upon the prior austenite grain size resulting from 

previous thermo-mechanical heat treatment. 

Whatever the reason for the difference, it is felt 

that the presently adopted scheme of applying a standardised heat 
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treatment to the as received material, leads one to suspect that 

a coarser range of grain size might reasonably be expected with

in the heat affected zone of material B over that in material A. 

2.3 Ambient Temperature Secondary Hardening Response as a 

Function of Solution Treatment 

In view of the observations reported in the previous 

chapter, that the precipitation of vanadium carbide in Cr - Mo - V 

steels is mainly responsible for the secondary hardening effect 

observed during tempering, as well as for the promotion of creep 

strengthening, it was felt that the important question of degree 

of solution of vanadium carbide during austenitisation might be 

resolved by detailed observation of the secondary hardening res

ponse of the materials A and B, in conjunction with the range of 

single and double solution treatments reported in the previous 

section. It was at this stage that standardisation of the heat 

treatment procedure immediately following austenitisation had to 

be considered. As described previously, the heat affected zone 

structure in Cr - Mo - V thick-section welds is generally of a 

mixed upper-lower bainite type which results in a room tempera

ture hardness in the range 230 to 280 VPN. 

Inspection of the isothermal transformation diagram 

for ~Cr ~Mo \V steels31 , as shown in figure 12, illustrate the 

presence of pronounced pearlite and bainite transformation 

noses. It was felt therefore that the conventional air cool or 

oil quench treatments used in previous work to simul~te heat 

affected zone structures might in fact mask the effects of 
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solution treatment upon the secondary hardening characteristics; 

firstly through the possibility of auto-tempering during cooling, 

and secondly through the formation of a wide range of transforma-

tion products each with differing initial hardness during temper-

ing. Accordingly it >!as decided that a >!ater quench would be used 

after austenitisation in order t o produce a largely martensitic 

matrix. Initial hardness values in the range 390 - 410 VPN were 

measured. 

The specimens used in the hardening response invest i-

gat ion were cut from the as received samples with dimensions ap-

proximately 5mmx5mmx1mm. For initial solution treatment, batches 

of specimens were sealed in silica glass tubes with a partial 

pressure of dry argon. After solution treatment and water quench-

ing*, aach specimen was lightly ground on wet silicon carbide 

grinding papers and the value of initial Vickers Hardness determ-

ined. Not less than six indentations were made for each determin-

ation, and it was found that the standard deviation for a parti-

cular measure was usually within 1% of the mean value quoted. 

Tempering treatments were carried out at 625 0 C using 

a molten tin bath. This tempeI'ature was chosen in the light of 

previous work148 ,149,150 which suggested that peak hardness in 

o vanadium bearing steels occurs after about one hour at 625 C, 

during the tempering of a martensitic matrix, Of particular 

interest is the work of Tanino and Nishida
151 

in Hhich the 

Care was taken to ensure that the silica capsules werc 
broken outside the water bath in order to ensure uniformity 
of quench rate for each batch. 
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effect of tempering temperature on the hardness of quenched and 

tempered vanadium steels containing about 0.17%C and a range of 

151 
vanadium contents were studied. The results are summarised in 

figure 13 which shows that variation of vanadium contents within 

the range 0 to 0.53% produced significant changes in the value 

of secondary hardening peak without altering its position with 

respect to temperature. Detailed electron microscopy accompany-

ing this work showed that the number of fine vanadium carbide 

particles, precipitated at a particular tempering temperature, 

increased with increasing vanadium contents. The evidence of 

the importance of vanadium carbide itself and the degree of pre-

cipitation, in the process of secondary hardening is therefore 

clearly established. 

In the present investigation, individual specimens 

from a particular solution treatment batch were tempered at 

62SoC for times ranging from 2 to 120 minutes after which they 

were water quenched. The specimens were then lightly ground and 

the hardness of each one was determined as before. In order to 

offset the effects of variable initial hardness the results are 

presented as hardness change, in which the change in hardness of 

each individual specimen is presented, as a function of the 

length of time of tempering treatment. Figure 14 compares the 

effect of single solution treatment upon the hardening response 

of the two commercial materials, It would appear that for both 

steels the intensity of hardening is increased with increasing 

solution treatment temperature. 

T . 151 . 1· . In terms of the work of an1UO the 1mp 1cat1on 
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would appear to be obviously that increasing the solution treat

ment temperature does increase the degree of solution of vanadium 

carbide. This is evidenced by the increased intensity of peak 

hardness, which has previously been correlated with the degree of 

precipitation of vanadium carbide from a supersaturated matrix, 

during tempering. 

To further investigate the possible effects of 

austenitisation treatment upon the degree of solution of vanadium 

carbide, batches of specimens which had been subjected to a range 

of double solution treatments were investigated as before. 

The results of hardness cl1ange as a function of length of time of 

tempering treatment are presented in figure 15. The upper and 

lower bound single solution treatment results are plotted for 

comparison. It would appear that the degree of supersaturation 

of the material prior to tempering may be reduced by a double 

solution treatment. Presumably some of the vanadium carbide 

taken into solution at the higher temperature is reprecipitated 

in the austenite at the lower temperature. Clearly the precipi

tate formed in the austenite could not be expected to form part 

of the fine distribution produced during tempering (i.e. that 

which has been closely associated with intensity of secondary 

hardening). Hence the observed reduction of secondary hardening 

as a result of double solution treatment is indicative of a 

reduced degree of solution of V4C3 in austenite. 

It is apparent that the simple double solution 

treatments used were not completely effective in reducing the 

degree of supersaturation prior to tempering. Nevertheless, 
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taken in conjunction with the austenite grain coarsening results, 

discussed in the previous section, it would appear that this ap-

proach offers a clear opportunity for distinguishing between the 

two variables of grain strength and grain size during intergranu-

lar failure at elevated temperatures. After all, in the context 

of the understanding of SRC already discussed, it cannot now be 

argued that material B proved to be susceptible in service while 

material A did not, simply in terms of secondary hardening effects 

as they relate to creep strength of the grains (see for example 

~9 
the work of Bentley), because it is apparent that under these 

controlled conditions the two materials behave in an ostensibly 

very similar manner during secondary hardening. This latter 

point is reinforced in the next section. 

2.~ Observations of Hardening Behaviour at Elevated Temperatures 

through Hot Hardness Measurement 

Although the hardness measurement involves a complex 

non-uniform strain field, the possibility of direct correlation 

with flow properties as assessed through tensile testing has been 

152 quite well established by the work of Tabor The teChnique 

of elevated temperature hardness measurement has been used by 

153-156 several workers in the investigation of the effects of com-

position variation and phase changes upon elevated temperature 

flow properties. Recently, a hot micro-hardness machine was built 

in Cambridge and used to determine the flml properties of inclu

sions in steel at temperatures used in hot rolling practice157 

This machine was designed to overcome some of the 

difficulties which have been encountered by other workers. In 
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particular a dual furnace arrangement was incorporated in order 

that the indenter temperature was maintained at the same l evel 

as that of the specimen. Also, the testing chamber was construc

ted so that measurements could be made under conditions of high 

pressure inert or reducing atmospheres. In view of the emphasis 

laid upon the relative strengths of grains and grain boundaries 

by many workers in the interpretation of SRC it was felt that 

the use of micro-hardness testing at elevated temperatures, in 

specimens of each of the sample materials which had been heat 

treated to give a wide range of grain sizes, might clarify the 

issue to some extent. 

The experiment was designed to test the following 

assumptions which are frequently invoked during discussions of 

SRC, viz: 

(i) That the hardening behaviour of the material at 

elevated temperatures bears a direct relationship 

to that observed at ambient temperatures after 

equivalent high temperature exposure. 

(ii) That the hardening behaviour observed at ambient 

t emperatures in steels containing non-equilibrium 

t ransformat ion products is not greatly affected by 

the presence of prior austenite grain boundaries, 

such that any deviation from the first condition 

may be attributed to the contribution made by these 

grain boundaries at elevated temperatures. 

The second assumption involves the idea that creep 

strength is intimately associated with the formation of a fine 
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?istribution of vanadium carbide precipitates wi thin the matrix 

in much the same way as in the promotion of the secondary harden

ing effect. 

The specimens used in the hot micro-hardness testing 

machine were cylindrical having dimensions 8mm diameter x 8mm long. 

These were cut and machined from the as received samples and then 

sealed in silica glass capsules, as before, prior to solution 

treatment. Three batches of specimens from each of the samples 

were solution treated at: i3000 C (50h) + 10000 C (ih) + W.Q. 

i200
0

C (ih) + 10000 C (ih) + W.Q. 

10000 C (ih) + W.Q. 

respectively. These treatments produced grain size variation as 

shown in Table V:. 

TABLE V· 

Prior Austenite Grain Size Heasurement in Hot Hardness 

Specimens 

Solution Treatment li'ior Austeni te Grain Siz-e (u m) 

A B Material 

1000 0 C (ih) + W.Q. 25.2 

12000 C (ih) + 1000oC(lh) + W.Q 138.0 

i300 0 C (50hh 1000oC(1h) + H.Q -680 

72.3 

202 . 4 

-700 

The weight used during the elevated temperature 

micro-hardness testing was 550gm. Typical indentations produced 

in material A at 625°C are shown in figure 16. It can be seen 

that in the coarse grained material the indentation does not 

impinge upon or even approach a grain boundary, in the 

• 
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intermediate grain size material it is possible that it may lie 

on one or b,o boundaries and in the fine grain material the in-

dentation is approximately 10 - 12 grain diameters across . 

The hardness testing was performed isothermally. The 

furnace system allowed very rapid rates of specimen heating to be 

achieved so that the results may be considered as directly com-

parable with tne secondary hardening observations made at ambient 

temperature after isothermal tempering. Figure 17 illustrates 

the hardening response of the three batches of material A at 

various temperatures. Figure 18 shows equivalent results for 

material B. It is immediately apparent that there is no direct 

comparison with the hardening peaks shown in figures 14 and 15 

even in the very coarse grained s pecimens. The flat elevated 

temperature hardening response shown here , is very similar to 

3 
that reported in a similar investigation which employed tensile 

testing rather than micro-hardness. 

To make further comparison of the elevated and 

ambient temperature response of the materials the change in hard-

ness after an exposure of one hour at temperature was plotted 

against temperature as shown in figure 19a for sample A, and figure 

19b for sample B. In order t o justify the two assumptions outlined 

previously, it would be expected that even if the fine and inter-

mediate grain size specimens failed to illustrate hardening peaks 

at about 6250 C (like those shown in figure 13) then the very 

coarse grained material should. It may be argued that at tem

peratures in excess of about 5500 C the coarser grained specimens 

do achieve a slightly reduced change of hardness over that 
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observed in the fine grained specimens, but the fact that this 

difference increases with increased temperature and is greater 

in the finer grained material A, would suggest that it results 

from an increased contribution of indentation strain due to 

grain boundary sliding with increased temperature, rather than 

through any matrix hardening effect. It is noted that hardening 

o peaks for plain carbon steels tested at about 300 C have been 

observed157• 

2.5 Conclusions 

The preliminary work described in this chapter was 

particularly concerned with the major assumptions which are made 

regarding the assessment of susceptibility of a particular steel 

to the problem of stress relief cracking. As such, the work and 

therefore the conclusions derived were directed mainly towards 

the commercial samples A (non-susceptible) and B (susceptible). 

In the first instance it was shown that assessment of 

susceptibility by simple inspection of steel composition is un-

reliable in respect of major alloy contents, but would seem to 

show some consistency in terms of trace element analysis. 

Secondly, it was found that the austenite grain coarsening 

characteristics of the commercial samples were significantly 

different. No convincing explanation of the effect could be 

found in terms of composition and it was considered that it may 

have resulted from differing thermo-mechanical history. The 

observations of hardening response at ambient temperatures 

following elevated temperature tempering have shown that the 
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degree of solution of vanadium carbide within austenite is 

increased as the solution temperature is increased. Further, it 

would appear that vanadium carbide may be brought out of austenite 

solution during the lower temperature exposure of a double solu

tion treatment. The hardening intensity during the secondary 

hardening of a double solution treated specimen closely approaches 

that of a single solution treated specimen which was heated at a 

temperature corresponding to the lower temperature of the double 

solution treatment. In this latter respect it was also observed 

that the austenite grain size of the double solution treated 

specimen was close to that of a single solution treated specimen 

which had been heated at a temperature corresponding to the upper 

temperature of the double solution treatment. The difference in 

hardening response observed at ambient temperatures could not 

justify assessment of the materials A and B as susceptible or 

non-susceptible in terms of differing intensity of secondary 

hardening. Finally, the observations of hardening behaviour at 

elevated temperatures failed to justify any direct relationship 

between secondary hardening as observed at ambient temperatures and 

matrix or grain hardening at elevated temperatures. 

It would appear that the grain strengthening argument 

for stress relief cracking must be modified to include ~ grain size 

component. The next chapter describes a series of tensile tests 

performed upon the materials A and B in order to examine in 

greater detail the possible interactions of the above variables 

upon their deformation and fracture behaviour in the range of 

temperatures from ambient to 700oC. 
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(b) 

Figure 9. Typical fine and coarse grained 
microstructures. 
(a) Sample A solution treated at 
(b) Sample B solution treated at 

o 1000
0

C for one hour. 
1200 C for one hour. 



Figure 10. Schematic representation of circular 
intercept grain size measure. 
In this diagram n = 25. 
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Figure 16. Typical hardness indentations made 
at 625°C in material A. 
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CHAPTER III 

The Uniaxial Tensile Hechanical Propert i es of Comm"rcial 

'suscept ible' and 'non- sus ceptibl e ' !~r ~t10 l,;V Steel 

at Elevated Temperatures 

3.1 Introduction 

The tensile test enjoys its wide popularity for the 

evaluation of mechanical properties because the stress-state of 

uniaxial tension is particularly simple. In chapter b ,o it was 

shown that the assessment of susceptibility to SRC through the 

measurement of flow properties at ambient and elevated t empera-

tures, as observed during hardness testing, ' was inconclus ive. In 

this chapter, work is described which attempts to r elate the ele-

vated temperature flow and ductility properties of the two commer-

cial steels as observed during uniaxial tensile testing, with their 

respective susceptibilities to SRC. In this regard, particular 

attention is paid t o the loss of ductility associated with failure 

by intergranular cavitation. 

Stress fields associated with inhomogeneities, such as 

necking, void opening and Luders Band propagation during tensile 

deformation at ambient temperatures have been f a irly well document-

d
158-1.60 e . At elevated temperatures extra cons ideration needs to 

be paid to the importance of applied strain rate, and the way in 

which it affects the flo~1 and ductility properties. The importance 

of strain rate sensitivity (see figure 20) at elevated temperatures 

was first clearly indicated by Nadai and 11anjoine
161 

More detailed 

discussion of the assessment and effects of strain r ate sensitivity 

within the present investigation is presented in chapter four. There 

I 

J 
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th t · 1 k162 . . d· h· . 1· eore J.ca wor J.S mentJ.one >.n w J.cll the maJ.n conc uSJ.on is 

that the problems of tensile plastic instability (necking) and 

tensile fracture behaviour in materials with low strain rate 

sensitivities, impose severe restrictions on the characterisation 

of deformation behaviour through tensile testing, since it is not 

generally possible to obtain reliable results on the steady state 

stress at a given strain rate. 

It would appear that such difficulties and complica-

tians connected with the hot tensile test, essentially reduce 

any direct association between deformation and final failure 

behaviour to the level of a qualitative comparison. Previous work 

1 1 . h· h ·1 163 on low al oy steels, emp 0YJ.ng J.g temperature tensJ. e tests 

54 
and stress relaxation tests at constant heating rates ,have 

failed to produce an agreed mechanical parameter to characterise 

stress relief cracking. However, these results may well be in-

conclusive because there was: 

(a) inadequate appreciation of the limitations of the various 

forms of tensile test; and 

(b) no attempt to reduce the number of microstructural variables 

through controlled heat treatment. 

It was with these two points in mind that the follow-

ing programme of tensile testing was undertaken. 

3.2 Experimental Details 

Hounsfield No.13 double shouldered tensile specimens 

were machined from the samples of steam pipe. In view of the size 

of the programme inVOlving approximately 500 tensile specimens, it 



60 

was decided to perform batch solution heat treatments in a special-

ly constructed 316 stainless steel vacuum furnace*. The furnace 

design allowed the control thermocouple to be located inside the 

chamber adjacent to the specimen heating area. Heating was achiev

t ed by the use of 'Crusilite' furnace elements which were placed 

above and below the chamber, transverse to its longitudinal axis. 

A procedure of trial and error in the positioning of the eight 

elements, finally allowed the achievement of a hot zone region 

about 100 mm long with a temperature variation within ±2oC at 

000 
1000 C, and ±4 C at 1200 C. The temperature control was effected 

by the use of a West-Guardian 30 Amp proportional controller. 

The furnace was heated to the required temperature, 

the specimens loaded, and the chamber evacuated. Then, dry high 

purity argon was admitted and the system was re-evacuated. This 

flushing procedure was repeated three or four times at the beginn-

ing and periodically during the course of the heat treatment. 

Double solution treatments (as described in chapter two) were car-

ried out without removing the specimens from the chamber, simply 

by readjusting the control temperature level. The lower tempera-

ture in these instances was only achieved after about 5 to 10 min-

utes. Before water quenching the vacuum system was closed off and 

argon admitted. The flow of argon was allowed to continue even 

while the door was opened and the specimens removed. In this way 

* The assistance of the Engineering Department, University of 
Cambridge and the Welding Institute in performing the weld
ing and final machining of this chamber is gratefully 
acknowledged. 

t Tradename of the Morganite Electroheat Co. Ltd. 
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oxidation was kept to a minimum and rapid specimen removal and 

quenching rates were achieved. 

Tensile testing at elevated temperatures was carried 

out using a MAND screw driven testing machine. A specially con-

structed 'suitcase-type' furnace was employed as shown in the 

general view of the experimental arrangement ill figure 21. 

~rusilite' elements were also used in this furnace and power con-

trol was effected by an SKL 12 Amp proprotional controller. As 

shown in figure 22 both the control and temperature monitoring 

thermocouples were located adjacent to the specimen during a 

test. The collet type hounsfield grips were machined from Nimonic 

aD A. The arrangement, as shown, allowed specimen heating rates 

of the order of aooc per minute to be achieved. Temperature was 

o maintained to within ±1 C along the gauge length of the specimen 

and within ±2oC of the control level for the duration of the test. 

The MAND screw driven testing machine employs a 

continuously variable speed motor to drive a single loading screw. 

Crosshead motion was measured indirectly by electrically monitor-

ing the movement of the screw and feeding the signal to a chart 

recorder, the chart drive of which was activated in direct reS-

ponse to this signal from the screw movement monitoring system. 

The signal from the load cell was fed to the pen drive system 

such that a record of load against crosshead movement was pro-

duced directly for each test. All of the tests were carried out 

in air. 
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3.3 The Effect of Prior Solution Treatment upon the Tdnsile 

Mechanical Properties of ~Cr ~Mo ~V at Elevated Temperatures 

Tensile tests were carried out in an attempt to ex-

amine the hypothesis that the degree of precipitation of vanadium 

carbide (as controlled by appropriate solution treatment) should 

bear a direct relation with the promotion of intergranular failure 

through a grain strengthening effect. Batches of tensile speci-

mens from both samples A and B were solution treated as follows; 

(i) 12000 C (lh) + W.Q. 

(ii) 12000 C (lh) + 10000 C (lh) + W.A. 

(iii) 10000 C (1h) + W.Q. 

All specimens were examined for distortion after quench-

ing and those found to be distortion free were cleaned with emery 

paper along the gauge length, and hardness measurements were then 

made on one end. Any specimen having an as quenched hardness out-

side the range 390 - 410 VPN was rejected. Tensile tests were 

carried out as described in section 3.2 at a nominal strain rate 

-4 -1 of 7.5 x 10 n~n • In a few instances the test was stopped im-

mediately prior to final failure, and the specimen broken open in 

liquid nitrogen in order to allow direct examination of cavitated 

boundaries. 

Figure 23 compares the tensile mechanical properties 

of the two samples after single solution treatment at 1200
o

C. 

Several points are apparent: 

(a) The observed values of flow stress as a function of 

temperature are similar for both samples. 

(b) There is a marked drop in observed ductility for both 
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o samples above 450 C. 

(c) This latter effect would appear to be rather more 

sever e in s ample B which exhibits a r eduction of area 

of 10% at 450
0

C, as against 43% for sampJ.e A, follow-

ed by more or l ess complete loss of ductility for 

temperatures above SOOoC. 

(d) Two other ductility minima appear at -emperatures of 

about 1500 C and 3500 C respectively. Thes e latter 

minima are not as severe as that occurring above 

Figure 24 compares the tensile mechanical properties 

o 
of both samples after single solution treatment at 1000 C, for 

testing temperatures in the region 2S0oC to 700
o

C. It would 

appear that: 

(a) rne values of flow stress as a function of tempera-

ture are similar to those observed in specimens which 

had been single solution treated at 1200
o

C. 

(b) Values of percentage elongation to failure for both 

samples in this condition of prior solution treatment, 

show troughs in the region of 3S0
o

C and above 4S0
o

C. 

(c) The ductility of sample A in this condition of prior 

solution treatment is significantly improved with 

respect to that observed after single solution treat

ment at 1200oC. 

(d) The ductility of sample B in this condition of prior 

solution treatment though improved is still low in 

the temperature region SOOoC to 600oC. 
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(e) The form of the ductility behaviour of both samples 

o 
above 450 C is more clearly trough-like in appearance. 

Figure 25 compares the tensile mechanical properties 

of samples A and B after double solution treatment at 12000 C for 

o 
one hour plus 1000 C for one hour. As shown in chapter two this 

condition of prior solution treatment allows the attainment of a 

prior austenite grain size, similar to that observed after single 

solution treatment at 1200
0

C combined with a degree of supersatura-

tion of alloy carbide similar to that observed after single solu

o 
tion treatment at 1000 C. The main points to be noted are that: 

(a) The observed levels of flow stress are similar to 

those achieved in the tensile tests discussed pre-

viously. 

(b) For the range of temperatures investigated there ap-

pears to be a marked reduction of ductility above 

(c) The form of the ductility behaviour of both samples 

more closely approximates to that of the specimens 

which had been single solution treated at 12000 C, in 

o that there is no marked trough effect above 450 C. 

This latter point is emphasised by figure 26 which 

compares the percentage elongation to failure of specimens after 

prior solution treatment at 1200
0

C with those after prior solu-

o 0 tion at 1200 C plus 1000 C. Clearly, the double solution treat-

ment has imparted an improved tensile ductility at temperatures 

of 4500 C and above. As shown in section 3.6 the failure 

mode in this temperature region, for all of the tests performed, 

• 
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was by intergranular cavitation along prior austenite grain boun-

daries. 

In summary, these observations have shown that: 

(i) For temperatures in excess of 2500 C there are two 

ductility troughs at about 3500 C and above 4500 C. 

(ii) The most severe loss of ductility associated with 

(iii) 

failure by intergranular cavitation occurred above 

4500 C in specimens which had been single solution 

o treated at 1200 C for one hour. 

The improvement in ductility above 4500 C in specimens 

subject to solution treatments at 

(a) 10000 C for one hour, and 

was not associated with any marked reduction in the 

levels of flow stress. 

(iv) In the context of stress relief cracking the evidence 

so far presented does not allow clear differentiation 

between sample A (non-susceptible) and sample B (sus-

ceptible) in terms of their relative susceptibilities. 

The following sub-sections examine more closely the 

way in which the factors of flow stress, work hardening behaviour 

and prior austenite grain size act to promote reduced ductilities 

during the failure of \Cr \Mo ~V by intergranular cavitation. 
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3.4 Observations of the Work Hardening Behaviour during 

Elevated Temperature Tensile Testing 

In the introduction to this chapter it was mentioned 

that the problem of tensile instability imposes severe restrictions 

upon the characterisation of deformation behaviour through tensile 

testing because of the loss of ductility which results after the 

onset of strain localisation and neck formation. In the present 

study, attention was directed towards the possible effects of 

such behaviour in promoting low ductility in association with un-

stable final failure by intergranular cavitation. An attempt to 

assess the extent of this behaviour was made, in the first instance, 

through a simple analysis of work hardening behaviour of samples 

A and B in the various conditions of prior solution treatment, as 

a function of temperature. The combined effects of strain-rate 

hardening and work hardening are discussed in chapter fo"ur. 

The load-deflection records made during tensile test-

ing were transformed to true stress-true strain and plotted on a 

log-log basis, as shown in figure 27. Least squares analysis of 

the above data for each specimen, allowed curve fitting of the 

stress-strain response according to the expression: 

n 
= C1

0 
e:

t 
(3.1) 

where: 

C1
t = applied true stress 

€t = true strain 

C1 = extrapolated flow stress at 100% true strain 
0 

n = work hardening exponent. 

In this way, values of C1 and n were generated as a function of 
0 
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temperature, for each sample in the various conditions of prior 

solution treatment. 

Figure 28 compares the measured temperature dependence 

of ° and n for samples A and B in three conditions of prior soluo 

tion treatment. The correlation coefficients for each of the 

least squares determinations of n were in excess of 0.9900, many 

were in excess of 0.9990. 

However, to further establish the limits of validity 

for these parameters over the range of temperatures investigated, 

the values of nand 00 for a particular test were used to calcu-

late a value for the U.T.S. according to: 

n 
00 n 

U.T.S. = 
exp(n) 

(3.2) 

The derivation of equation (3.2) is given in Appendix I. 

The value of U.T.S. thus calculated was then compared with the 

experimentally measured value as shown in figure 29. The lines 

drawn through the points are the best straight lines estimated 

through least squares analysis. The equations of these lines are: 

For sample A: 

(Calc.U.T.S.) 

For sample B: 

(Calc. U.T.S.) 

-2 
= 1.007053 (Exp.U.T . S.) + 18.91 MN m 

(correlation coefficient r = 0.998105) 

-2 
= 1.032722 (Exp.U.T.S.) - 2.72 MN m 

(correlation coefficient r = 0.998426) 

(3.3) 

(3.4) 

In the context of the general limitations of tensile data the re-

sults of figure 29 and equations (3.3) and (3.4) provide some con-

fidence for qualitative discussion of the temperature dependence 
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of 00 and n shown in figure 28. 

The first observation to be drawn from figure 28 con-

cerns the temperature variation of 00 in the samples. For sample 

A it is apparent that values of ° measured in specimens which o 

had been subject to differing solution treatments, converge at 

temperatures above about 350
0

C. If the value of 00 is taken as 

a measure of the general stress level achieved within a tensile 

specimen this observation may be interpreted as further support 

in the argument to refute the hypothesis that variation in duct-

ility bears a direct relation to the elevated temperature flow 

stress. Furthermore, the form of 00 versus temperature is similar 

to that of hot hardness in that there does not appear to be any 

evidence of a 'secondary hardening' peak. 

The results for sample B differ in that, as tempera-

ture is increased, the ° -temperature curve for specimens which o 

had been single solution treated at 12000 C remains below the 

curves for specimens which had been subjected to the other solu-

tion treatments. At first sight, this evidence would appear to 

be totally contrary to any form of strengthening argument in 

promoting reduced ductility. It must be regarded in the light 

of possible deformation mechanisms at elevated temperatures. 

Consider first, the relationship between n and 00' as shown in 

figure 27. It may be understood that, as the slope, n, of the 

straight line is reduced, so the value of the intercept, 00' will 

be similarly reduced. It is clear from figure 2B(b) that the n 

values for the specimens which had been solution treated at 1200
0

C 

for one hour are lower than n values for other specimens of sample B. 
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At ambient temperatures when plastic deformation of 

metals occurs largely by dislocation glide mechanisms the value 

of n reflects the extent which the stress required to cause con-

tinued plastic deformation is increased as the glide process be-

comes impeded (at increased strain) through a variety of possible 

strain hardening mechanisms involving dislocation-dislocation in-

teractions, dislocation-precipitate interactions and dislocation-

boundary interactions. In this way a low value of n measured 

under these conditions of deformation is indicative of a reduced 

resistance to dislocation motion within the matrix grains, since 

a given stress increment will produce a larger strain increment. 

As the temperature is increased, other mechanisms of deformation 

play an increasingly important role. The work of Ashby and hL~ 

167 168 169 . . co-workers ' , ~n develop~ng the concept of ~eformation 

mechanism maps' is extremely important in this context. It is 

clear from the theoretical treatment by Crossman and Ashby169 

that deformation mechanisms like diffusional creep,grain boundary 

sliding and dislocation creep I.hich predominate at increased tem-

peratures are rather more viscous in nature than dislocation glide. 

During the deformation of a perfectly viscous material, the stress 

required for continued deformation does not increase with increased 

strain, but remains constant for a constant applied strain rate. 

Under these conditions, n would be zero. It seems reasonable to 

suppose therefore that a decrease in the value of the work harden-

ing exponent at elevated temperatures is associated with an in-

crease in the viscous components which are contributing to the 

deformation process. 
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A clear feature of the temperature response of the 

work hardening exponent in both samples is the occurrence of two 

troughs. The magnitude of these tI'oughs is greaotest in specimens 

of sample B which had received the single solution treatment at 

o 
1200 C for one hour. The position of these troughs appears to 

be very similar to the ductility troughs discussed previously. 

In the case of the lower temperature, the correlation is under-

standable in the context of the observed failure mode of the 

plastic growth and coalescence of voids in association with large 

. cl . 160 m USl.ons . For the upper temperature, at 'Ihich the failure 

mode was intergranular cavitation, the importance of the tempera-

ture response of the work hardening exponent needs to be discuss-

ed in terms of the way in which it reflects changes in deformation 

mode which promote the onset of inter granular failure. In this 

respect it seems most reasonable to continue the 'weakest link' 

argument developed previously. It would appear that in this tem-

perature region, deformation by dislocation glide become increas-

ingly difficult with respect to the more viscous modes. In view 

of the conditions of temperature, stress and strain rate imposed, 

it is reasonable to suppose that grain boundary sliding (see ref. 

168) will take preference. 

As discussed in chapter one, boundary sliding is re-

cognised as a necessary prerequisit of intergranular cavitation. 

It is noted that the above argument concerning the temperature 

response of the work hardening exponent has implied that deforma-

tion by dislocation glide is impeded. The measured stress levels 

are not increased since it is proposed that other deformation 
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mechanisms are operative, with grain boundary sliding predominat

ing at the higher temperatUI'es. 

In summary, exami nat ion of the work hardening behav

iour of the samples A and B suggests that a reduction of the work 

hardening exponent, n, occurs in the region of the ductility 

trough associated with unstable failUI'e by intergranular cavita

tion. It would appear that such reduction is greatest in sample 

B, after single solution treatment at 12000 C. This observation 

has been briefly discussed in terms of the way in which it reflects 

the possible relationship between operative deformation modes in 

the promotion of unstable failure by intergranular cavitation. In 

chapte!' four further discussion is made concerning the reduction 

of the stability of tensile deformation associated with reduced 

n values and the way in ,.hich this facto!' may be associat8d with 

reduced ductility during llilstable failure by intergranular cavi

tation. 

3.5 The Effect of Prior Austenite Grain Size upon the Tensile 

Mechanical Properties at Elevated Temperatures 

The work described in this section lias carried out 

in an attempt to examine the effects of prior austonite grain 

s ize, independent of the carbide supersaturation effects present

ed previously. 

The approach to the achievement of this condit i on has 

been discussed at length in chapter b~o . There it was shown hOli 

by the use of a double solution treatment, a similar degree of 

solution of vanadium carbide could be achieved in specimens 

having a range of prior austenite grain sizes. Accordingly, 
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batches of ten3le specimens were solution treated in the follow-

ing manner: 

(i) 1200
0 e (ih) + 1000

0 e (lh) + W.Q. 

(ii) 1150
0 e (lh) + 1000

0 e (lh) + W.Q. 

(iii) 1100
0 e (ih) + 1000

0 e (lh) + W.Q. 

(iv) 1050
0 e (lh) + 1000

0 e (ill) + w.e. 

(v) 1000
0 e (lh) + W.Q. 

The grain size variation achieved in both samples 

A and B has been summarised in figure 11. Tensile tests were 

. d t . f 7 5 10-1< . -1 d . d carr~e ou at a stra~n rate ° . x m1n an rastr~cte 

to the temperatures of 500
0 e and 550

oe, since the previous series 

of tests had indicated that these conditions were favourable to 

the promotion of failure through intergranular cavitation. Figure 

30 compares the tensile mechanical properties of samples A and B 

as a function of prior austenite grain size at tile temperatures 

It appears that at both t emperatures the flow stress 

levels are slightly lower in sample B than in sample A. However, 

the ductility of sample B is, for the range of grain size investi-

gated, lower than that of sample A, though this effect is more 

marked at 5000 e than at 550
oe. Examination of the r esponse of 

the various flow stress parameters and values of work hardening 

exponent to variation in grain size is restricted mainly to 

the 550° e data. At 5000 e, this response is ostensibly independent 

of grain size for all of the above measures in both samples. 

,fuile at 5500 e, particularly for sample B, both the flow stress 

parameters and the work hardening exponent are seen t o increase 
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with increase of prior austenit e grain size. In an investigation 

of the relationship between 0.1% flow stress and grai!l size under 

conditions in which grain boundary sliding was the dominant mode 

f d f 
. 170 .. . 

o e orrnatl.on ,a sl.ml.lar l.ncrease of flO>I stress with increas-

ed grain size was observed, and was attributed to a reduced con-

tribution from grain bOillldary sliding due to the reduced amount 

of grain boundary area. 

In the present work this same conclusion is further 

supported by the behaviour of the work hardening exponent at 550oe, 

particularly in sample B, which is seen to show an apparent 

increase with increase of prior austenite grain size. This obser-

vation, taken in conjunction with the observations and discussion 

of the previous section, suggests a decreased contribution to the 

overall deformation at 5500 e through a viscous mechanism like 

grain boundary sliding, as the prior austenite grain size is in

creased. At soooe it would appear that for the testing conditions 

employed, the contribution to the deformation process through the 

grain size dependent, grain boundary sliding is low. The response 

of the work hardening exponent as a function of grain size in 

sample A at 5500 e differs in two major respects from that of 

sample B. Firstly, in the region where the grain size ranges for 

samples A and B overlap, the values for sample A appears to be 

consistently above those of sample B. Secondly, it would appear 

that for the finer grain size specimens of sample A the work 

hardening exponent increases with decreased grain size. These 

observations, taken in conjunction with the differences of duct i-

lity - grain size responses of the samples, point to the possible 
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influence which deformation behaviour imposes upon the develop-

ment of failure by intergranular cavitation, in thes e materials. 

Consider the region of overlap of the grain size 

ranges. The increased values of work hardening exponent for sam-

pie A may be taken as indicative of an increased contribution to 

flow through dislocation glide. This implies that stress intensi-

fication at boundaries caused through grain boundary sliding is 

either reduced through reduced grain boundary sliding or more 

easily relaxed through matrix deformation by dislocation glide 

Or both. This behaviour is reflected by the increased ductility 

o 
of sample A at 550 C. Notice that this interpretation has not 

invoked the concept of increased grain strength in promoting re-

duced ductility. If anything, the evidence would suggest that 

the more ductile sample A is stronger than sample B. Instead, 

attention has been directed towards the way in which various 

operative deformation modes may contribute to the process of un-

stable failure by thc growth of intergrmlular cavities. 

Most important for consideration in this latter res-

pect is the fine grained region of sample A. It may be supposed 

that, consistent with the previously developed argument, a con-

tinuous decrease of grain size should be accompanied by a con-

tinuous increase of the contribution to deformation through grain 

boundary Sliding. The observed response of the 0.2% proof stress 

at fine grain sizes would seem to support this contention170 

The observed increase of the work hardening exponent in this 

region would appear at first to be contrary to this view. However, 

it may be envisaged that as the fine grained body deforms through 
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grain boundary sliding, accommodation of the strain required to 

maintain grain compatibility will be gained through matrix de forma-

tion. The achievement of this accommodation will depend essential-

ly upon the resistance to the growth of cavities (by whatever 

mechanism). This growth might be expected to depend upon four 

major factors: 

(a) temperature (for diffusion controlled grOl.th) 

(b) grain size (which may control the magnitude of stress 

concentration due to sliding) 

(c) boundary purity (which may reduce growth by mechanical 

failure) 

(d) deformation mechanism (which may allow plastic growth) 

The third of these factors is discussed in more detailin 

chapter seven. As discussed in chap;ter one ,diffusion controlled 

growth is most likely to dominate under conditions of high tempera-

ture, low stress and low strain rate. The effect of the second 

factor in fine grained material is cracial, since it allows 

significant strain to be achieved without the large stress in-

129 tensification associated with a long boundary . Furthermore, 

. h b . d81 h . l' . db ' ~t as een recogn~se t at tr~p e po~nts prov~ e arr~ers to 

continued cavity gro~rt:h, so that a fine grained specimen would 

be expected to be inherently tougher than a coarse grained specimen. 

Taken in conjunction with the condition requiring grain 

compatibility, it is clear that the first three factors act together 

to place importance upon the final factor concerning deformation 

mechanism, particularly in the context of a fine grained specimen. 

It is proposed therefore, that the observed increase of work 
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hardening exponent in fin8 grained specimens of sample A reflects 

the tendency of the material in this condition to exhibit· increas-

ed matrix deformation in an attempt to maintain grain compatability 

in the face of a large contribution to the strain through grain 

boundary sliding. The observed increase of ductility in sample A, 

with deccreased grain size is therefore not simply associated with 

the lowering of the observed flo,", stress but more importantly with 

a change of deformation behaviour which itself causes a change in 

the conditions promoting unstable failure by intergranular cavita

tion. This situation is similar to that observed by Fleck et al130 

for the hot ductility behaviour of an industrial copper based 

alloy (figure 7). 

The presentation of the tensile mechanical properties 

of the two samples in this manner has allowed some insight to be 

gained in regard to the possible r easons for the observed suscept-

ibility of sample B to stress relief cracking. Clearly, the 

importance of prior austenite grain size has been underlined. 

Furthermore , the ideas of grain strengthening discussed in chapter 

ore ha'oebeen modified to give a more realistic i .... terpretation of 

the close association between deformation and ductility during 

unstable failure by inteI'granular cavitation. 

3.6 Fractographic Examination of Specimens Deformed at 

o Temperatures of 400 C and above 

This section describes the main features of the failure 

mode associated l~ith the observed tensile ductility minima above 

4000 C. Brief discussion i s made of the applicability of currently 

accepted theories of failure by intergranular cavitation to these 
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observations. 

Fi6ure 31 illustrates the situation within the necked 

region of a specimen of sample B (solution treated at 12000 C for 

one hour) after deformation at ~OOoC just prior to final failure . 

The primary mode of failure i s clearly the plastic growth and 

coalescence of voids , presumably formed around large inclusions. 

Closer examination reveals the formation of an intergranul ar 

cavity to the right of the main region of ductile failure. Figure 

32 illustrates this cavity at higher magnification, which shows 

that the growth was associated with marked plastic deformation 

of the matrix and that it occurred on a boundary close to ~5° to 

the tensile axis. The ductility of sample B under these condi-

tions was 43% reduction of area . 

Figure 33 illustrates cavitated boundaries in sample 

o B (after prior solution treatment at 1200 C for one hour) formed 

o 0 during deformation at 450 C and 700 C. The ductility of sample B 

at these temperatures was respectively 10% reduction of area and 

less than 0.2%. Those photographs marked (a), (b) and (c) were 

taken during examination of a specimen which had been broken open 

in liquid nitrogen after having been deformed to a stage immediate

ly prior to final failure at 450oC. At low magnification, these 

cavitated boundaries appear smooth in both cases. However, at 

higher magnification it is clear the surfaces arc in fact pitted 

Idth very small voids. An estimate of the mean linear radius of 

these voids gave: 

= 0.17 11m 

= 0. 30 11m 
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Figure 34 illustrates cavitated boundaries in sample 

A (after prior solution treatment at 12000 C for one hour) formed 

during deformation at 500° C and 700oC. The ductility of sample 

A at these temperatures was respectively 7% reduction of area 

and 2% reduction of area . The failUre mode in all specimens of 

o sample 1\ tested below 500 C was by the plastic gx'owth and coales-

cence of voids like that shown in figure 31. It is noteable in 

this respect that the ductility of sample A in this condition, 

at 4500 C was 43% reduction of area (Cf. 10% for sample B). 

Examination of figure 34 suggests that the cavitated 

o boundaries formed at 500 C are smooth. There appears to be some 

evidence of voids near the large inclusion in the centre of micro-

graph 34(c), but this does not appear to be wide spread. The 

boundaries formed at 7000 C are clearly covered with large voids. 

The mean linear radius of these latter voids was estimated to be: 

r 700 = 3.20 \l m 

As discussed iH.chapter_one, the nucleation of cavities 

upon boundaries during high temperature tensile deformation occurs 

heterogeneously in association with gx'ain boundary particles or 

ledges. It is essentially stress controlled such that a nucleus 

becomes stable when it has reached a critical size given by an 

equation like (1.3): 

r = c 
2y 

CJ 

(1. 3) 

It can be seen that for a high applied stress (at low temperature), 

or low surface cnergy, the critical nucleus s ize should be reduced. 

According to most theoretical treatments, discussed in Chapter one, 

the growth of a stable nucleus is diffusion controlled such that 
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higher rates of growth might be expected to occur at high tempera-

tures. Th e final failure is thought to occur when the growing 

cavities cover a certain area fraction of the grain boundaries. 

This i s the basis of the model developed by Raj and Ashbyl16 to 

predict a minimum ductility (rupture life ) at an optimum condition 

of nucleation and growth. This model was represented schematical-

ly in figure 6. 

For sample A, figure 3~, it would appear that the 

situation outlined in figure 6 is roughly adbered to. In this 

respect, it may be argued that the ostensibly smooth appearance 

of the facets formed at 500
0

C is due to the fact that the numer-

ous nuclei are too small and finely spaced to be resolved by the 

scanning electron microscope. However, for those cavitated 

boundaries formed at 7000 C. fewer nuclei have been produced, but 

they have grown sufficiently to be clearly visible during micro-

scopic examination. The ductility behaviour of sample A (single 

solution treated at 12000 C) is quite clearly trough like in the 

temperature region 500
0

C to 700
0

C, as shown in figure 28. 

For sample B, figure 33. the situation is clearly 

quite different . To begin with the ductility behaviour , illus-

trated in figure 28 does not show any minimum. The ductility 

of sample B (single solution treated at 12000 C) is vanishingly 

o small for all temperatures above 500 C. The size of the voids 

on the cavitated boundaries formed at 4500 C is only slightly 

lower than that of those formed at 7000 C. This observation sug-

gests that the nucleation of the voids in this temperature region 

remains relatively high even when the stress is low. Furthermore, 
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the fact that voids on the boundaries of the specimen deformed at 

o '<50 e are resolvable by SEM>~ suggests that the rate of growth at 

this relatively low temperature was in fact high. 

It is tempting to relate this modified state of affairs 

to a lowering of the surface energy term of equation (1. 3) due to 

75 102 . the increased impurity content of sample B' In thLs way, 

the nucleation of cavities would become more highly dependent up-

on surface energy and therefore less temperature dependent. If 

high rates of nucleation are maintained at high temperatures then 

ductility would remain at a low level, as observed. This situa-

tion is illustrated schematically in figure 35. The cavitation 

observed to occur at ,<oooe in sample B may be taken as further 

evidence of the relative ease of cavity nucleation in this sample. 

However it would appear that the mode of growth (at '<50 to the 

applied tensile stress) is influenced to a greater degree by the 

plastic deformatbn of the surrounding matrix regions. 

Examination of the inter granular cavitation which 

occurs in fine grained sample A (after prior solution treatment 

at 10000 e for one hour) at 7000 e indicates that much of the open-

ing of cavities prior to final failure is also associated with 

deformation of the surrounding matrix regions. This situation is 

illustrated in figure 36. It is clear that a large contribution 

to the strain to final failure in specimens of sample A in this 

condition is due to the opening of the large number of cavitated 

boundaries prior to final failure. As explained on page 75 this 

condition arises partly because of the way in which the increased 

{, 
Scanning Electron Microscopy 
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m.unber of triple points in a fine grained material act to provide 

B1 barriers to continued cavity growth Figure 37 compares the 

o cavitation behaviour of samples A and B at 600 C (both after prior 

solution treatment at 10000 C for one hour). The ductilities were 

respectively 24% and 2% reduction of area. The grain size of 

sample B in this condition is coarser than that of sample A. This 

cavitation in sample B, more closely approximates to that observed 

during the failure of the coarse grained specimens, as does the 

ductility. 

No detailed quantitative metallography of the fracture 

surfaces of the double solution treated specimens was made. How-

ever, reasonable explanation for the observed ductility improve-

ment in these specimens over that observed in specimens which had 

been single solution treated at 12000 C (figure 27), will probably 

involve a change in the density of suitable cavity nucleation 

sites as well as the temperature dependence of the nucleation rate. 

This is so since there was no significant difference in either 

grain size or flow stress level. 

3.7 Summary 

The work described in this chapter has established: 

(i) That the ductility of commercial ~Cr ~Mo ~V steel 

during unstable tensile failure by intergranular 

cavitation, does not bear a direct relation with the 

observed levels of flow stress. 

(ii) That for grain sizes of less than 100).1 m, the prior 

austenite grain size of commercial ~r ~Mo ~V steel 

exerts a significant influence upon the ductility 
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during unstable tensile failure by intergranular 

cavitation. 

Furthermore, the results have suggested: 

(i) That variation of the degree of supersaturation 

of vanadium carbide achieved in these commercial 

samples prior to testing did not cause any marked 

change in elevated temperature flow stress. 

(ii) That the stability of tensile deformation as assessed 

through work hardening behaviour is low in the region 

of the ductility minima associated with unstable 

failure by intergranular cavitation. 

(iii) That a fine prior austenite grain size inhibits 

intergranular cavity propagation rather than initia

tion, such that the ductility of the material in this 

condition reflects its ability to resist unstable 

strain localisation of the intercavity regions during 

final failure. 

(iv) That the ductility of coarse prior austenite grain 

size material is largely dependent upon the conditions 

which promote the nucleation of intergranular cavities. 

Finally it would appear that the susceptibility of 

sample B to SRC is: 

(i) The result of its achieving a larger prior austenite 

grain size than that of sample A after equivalent 

solution treatment. 

(ii) The result of its prior austenite grain boundary 

structure providing more suitable sites for the easy 

nucleation of intergranular cavities,than that of sample 

A, after equivalent solution treatment. 



10 -
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Figure 20. Schematic plot of flow stress as a function 
of strain rate, showing a maximum of slope 
at intermediate values of strain rate. 



Figure 21. General view of experimental rig 
used for rising load tensile testing. 
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Figure 22. Location of measuring thermocouples 
above and below the control thermocouple. 
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Figure 23. (a) Tensile mechanical properties of ~I~I~ A 
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Figure 2~. (a) Tensile mechanical properties of ~I~I~ A 

(b) Tensile mechanical properties of ~I~I~ B 
after single solution treatment at 10000 C for 
one hour. as a function of temperature. 
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Figure 25, (a) Tensile mechanical properties of \I\I~ A 

(b) Tensile mechanical properties of \I~I~ B 
after double solution treatment at 12000 C for 
one hour plus 10000 C for one hour, as a fWlctiOll 
of temperature. 



SGiII. T,...,.ra~ 

noal1hl. WOo • 

'x 

~ ;,,~v ",1\ Matet~ 

t 'mi"" \ 
7'51110"" 

x,---
100 

Testing Tl!IIll&rature ('C I 

(a) 

1200flhl • ~o • 
12001tli. 'lOOCInh,l . W.Q. x 

. ~ 

0> /\ c ml 
'if!. 

Mat ... ", fr~V IBl 
• 
I 

t {min-4, 

\\"x"'" 7·5 • 10-4. 

O\~~~~~~~~~~ 

Testing T~ture reI 

(b) 

Figure 26. Ductility improvement in samples A and B after 
double solution · treatment. 
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Figure 28. Temperature dependence of ao and n for 
samples A and B in various conditions 
of solution treatment. 
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Figure 30. Tensile mechanical properties of samples 
A and B as a function of prior austenite 
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Figure 31. Formation of intergranular cavitation in 
association with ductile void growth and 
coalescence, in sample B (solution treat
ed at 12000 C for one hour)deformed at 400oC. 
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Figure 32. Intergranular cavitation in sample B 
(solution treated at 12000 C for one hour) 
at 4000 C during deformation at a nominal 
applied strain rate of 7.5 x 10- 4min-1 . 
(Tensile axis vertical) 
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Figure 33. Cavitated boundaries in specimens of 
sample B (single solution treated at 
12000 C for one hour); 
(a), (b), and (c) boundaries in a 
speci men deformed at 450oC; 
(d), (e), and (f) boundaries in a 
specimen deformed at 700oC . 
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Figure 34. Cavitated boundaries in specimens of 
sample A (single solution treated at 
12000 C for one hour); 
(a) , (b) and (c) boundaries in a 
specimen deformed at 500oC; 
(d), (e) and (f) boundaries in a 
specimen deformed at 700oC. 
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Figure 35. Schematic illustration of the way in which 
high rates of cavity nucleation at high 
temperatures might promote reduced ductility 
and the absence of ductility minimum. 
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(a) 

(b) 

Figure 36. Cavitation in sample A solution treated 
at 10000 C for one hour. 
(a) General cavitation along gauge length 
(b) Large cavity opening close to final 

fracture in a specimen deformed at 
700oC. 

(Tensile axis vertical) 
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Figure 37. Cavitation in samples A and B after solution 
treatment at 10000 C for one hour, both speci
mens deformed at 600°C. 
(a) "1~1lt; A 
(b) W,;jlt; B 
(Tensile axis vertical) 
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CHAPTER IV 

Tensile Strain Rate Sensitivity Effects in Commercial 

'susceptible ' and 'non-susceptible ~Cr ~Mo ~V Steel 

at Elevated Temperatures 

4.1 Background 

The 

rate as proposed 

general relationship between flow stress and strain 

174 
by Zener and Holloman for conditions of con-

stant temperature and strain is given by: 

o = (4.1) 

where m is the strain rate sensitivity as defined in figure 20. 

Dieter173 further defines the strain rate sensitivity as the ratio 

of the incremental change in log a to the resultant change in 

log €, at a given strain and temperature. He had in mind the 

situation in which the value of m was obtained from atest where 

the strain rate is rapidly changed from one value (E1 to another 

m = log 
o 

( 2/ ) 
OJ (4.2) 

(£2) such that: 

log 

This approach is clearly most applicable to the 

situation in which m is r easonably high,so as to allow a measurable 

change in flow stress for the step changes of strain rate that 

are possible using conventional tensile testing machines. As 

will be shown for the present work,a change of four orders of 

magnitude of strain rate prcduced only a small chru1ge in the 

measured flow stress values. Therefore, in order to make a crude 

estimation of the strain rate sensitivity of the commercial samples, 
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the 0.2% flow stress was plotted against the applied nominal 

strain rate (for individual tests) on a log-log basis, and the 

slope calculated by the method of least squares . The form of 

equation (4.1) is very similar to that of equation (3.1) viz: 

o = t 

It may be understood, therefore, that values of m 

(3.1) 

and C in equation (4.1) can be generated in a similar manner to 

n and 0 of equation (3.1) (see £igure 27). a 

Following the work of Hart162 ,172 dealing with the 

175 theory of the tensile test, recent work has analysed the stab-

ility of tensile creep deformation for both constant load and con-

stant stress tests. Basically the work examined stability in terms 

of the requirement: 

m + n > 1 (4.3) 

for stable flow. It is clear that this inequality is consistent 

with other well known results for necking and unstable flow. For 

the special case of a solid exhibiting only strain hardening, 

plastic flow in tension would be stable if: 

do 
de: 

> o (4.4) 

, , 'b d 'd' 176 f ThlS result, WhlCh has been attrl ute to ConSl ere ,allows 

from equation (4,3) by setting m equal to zero, Similarly, it 

may be shown that for a solid that exhibits no strain hardening, 

m > 1 (4.5) 

for stable flow in tension. This is consistent with the usual 

observation that linearly viscous materials , in which m is equal 
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to unity, can be drawn to great lengths without necking . 

Concerning the analysis of creep testing175 , it was 

shown that deformation becomes unstable prior to the onset of 

secondary creep and it was proposed that all 'steady-state' creep 

experiments conducted in tension are therefore unstable. In the 

present work a simple attempt to examine the degree of instability 

(which will promote the rapid onset of strain localisation) was 

made by evaluating the parameter (m + n) for various conditions 

of temperature and prior austenite grain size. 

Further work discussed in this chapter relates to the 

possible strain rate effects in hot hardness measurement. By 

using the values of n and m determined by uniaxial tensile testing 

it has been possible to estimate a representative strain and strain 

rate for the indentation process at elevated temperatures. 

4.2 Experimental Results 

Tensile tests >!ere carried out upon specimens from 

both commercial samples as described in chapter three. A range 

of crosshead velocities was employed for each series and the 

various flow and ductility parameters were thus obtained at a 

range of nominal strain rates. The value of nominal strain rate 

quoted were calculated according to: 

R.- R.o 
d(-- ) 

R.o 
dt 

where V = crosshead velocity 

= 
1 
i o 

R.o= original specimen gauge length 

dR. = dt 
V 
R. 

o 
(4.6) 

Figures 38 and 39 compare the measured flo~1 stresses 

for samples A and B after single solution treatment as a function of 
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temperature. TWo main points are apparent: 

(i) Strain rate hardening for both samples is significant 

o only at temperatures in excess of 400 C. 

(ii) The effect is not large even for a change in applied 

nominal strain rate of four orders of magnitude. 

The comparison of the mechanical properties of the 

samples after equivalent solution treatment ignores the important 

effects of grain size. Accordingly, specimens of both samples 

were double solution treated as previously described to achieve 

a range of prior austenite grain sizes with an ostensibly similar 

degree of solution of vanadium carbide throughout. Tensile tests 

were carried out at 550oC, at applied nominal strain rates of 

-4 -1 -3 -1 -2-1 
7.5 x'10 min , 3.0 x 10 min and 1 . 2 x 10 min • The 

variation of the various flow and ductility parameters ao ' U.T.S., 

0.2% P.S.,n, % R.A. and % Elon. with grain size and strain rate 

are shown in figure 40 for both samples A and B. 

The flow stress of sample A as measured by a , U.T.S. o 

and 0.2% P.S . appears to be slightly higher than that of sample 

B, as observed previously. The work hardening behaviour of the 

two samples is similar except for the observation that in the 

coarsest grain size condition, the value of n for sample B increases 

with decrease of strain rate. As the strain rate is increased the 

n values for the various grain size conditions converge. The n 

value for the coarse grain specimens of sample B, however, re-

mains slightly greater at higher strain rates than for finer 

grain sizes. This observation is therefore consistent with the 

previous discussion of work hardening behaviour of sample B as a 
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function of grain size. The observed reduction of work hal'den

ing exponent in the coarse grained specimens with increased 

strain rate is indicative of the rate dependence of the matrix 

hardening phenomena in this sample at 550oC. It may be likened 

to a dynamic strain aging effect which, while it does not pro

duce the serrated yielding of the Portevin-Le Ch~telier effect, 

allows a strain rate sensitive hardening to be observed since 

at the lower strain rates, dislocation velocities will become 

comparable with diffusion rates of atoms like vanadium and carbon. 

This point is discussed further in the next chapter. The data 

of figure 40 underline the importance of grain size in this con

text since it would appear that the above-mentioned effect is 

marked only in coarse grained specimens of sample B. Presum

ably. for the other finer' grain sizes of sample B and sample A 

the degree of grain boundary sliding acts to mask the effect as 

measured during conventional tensile testing. 

The ductility behaviour illustrated in figure 40 

shows that while the effect of increased grain size in reducing 

ductility is reduced for sample A (i.e. the values for %R.A. 

converge at the higher strain rate), it is exaggerated for sample 

B (i.e. the values for %R.A. converge at the lower strain rate). 

Overall, the ductility is observed to increase with increased 

strain rate. The final failure mode of all specimens within 

this strain rate range and at 5500 C involved the formation of 

intergranular cavities. The lowest grain size of sample B 

(110 ~m) lies within the range of grain sizes for sample A 

(35 - 125 ~m). It is significant. therefore that the ductility 
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behaviour of fine grained 3ample B is similar to that 

of sample A in that %R. A. approaches 40% for a strain rate of 

1.2 x 10-2 min-1 

The combined effect of grain size and strain rate 

upon measured ductility for intergranular failu~ of samples A 

and B during conventional tensile testing is summarised in fig-

ure 41. It is clear that the behaviour of sample B is essential-

ly an extension of that of sample A at increased grain sizes. 

This figure therefore underlines the importance of coarse prior 

austenite grain size in promoting low ductilities at elevated 

temperatures during failure by intergranular cavitation. 

4.3 Estimation of Strain Rate Sensitivity and Associated 

'degree of instability' of Tensile Deformation 

Following the method outlined in section 4.1, values 

for the strain rate sensitivity, m, of samples A and B were de-

termined as the slope of a log-log plot of 0.2% flow stress 

against nominal strain rate . Figure 42 illustrates typical 

plots for samples A and B at 550oC. The estimated values of m 

and C are quoted with these data. This procedure was repeated 

for values of flow stress at the various nominal applied strain 

o 0 
rates over the range of temperature 400 C to 700 C. Figure 43 

compares the variation of m and C with temperature for samples 

A and B (in the single solution treated condition). 

Three main points are apparent : 

(i) Specimens which had been solution treated at 1000
0

C 

for one hour generally show increased values of m 

and C over those exhibited by specimens which had been 
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o solution treated at 1200 C for one hour. 

(ii) A marked increase in strain rate sensitivity occurs 

consistently at the higher temperatures. 

(iii) These crude estimates for m and C are ostensibly 

similar for the two samples A and B. 

Using the data of figure 40,estimates of m and C were 

made as a function of prior austenite grain size at 550oC. Figure 

44 illustrates the form of the variation of m and C with prior 

austenite grain size for samples A and B. It appears that fine 

grained specimens of both samples exhibit increased values of 

both m and C. 

In order to examine the 'degree of instability' as 

assessed through the parameter (m + n), values of n as described 

in chapter three were combined with values of m determined under 

equivalent conditions of temperature and prior austenite grain 

size. Figure 45 compares the variation of (m + n) with testing 

temperature for samples A and B (in the single solution treated 

condi ti on) • 

Several main points are apparent; 

(i) For the highest temperatures it is clear that m 

dominates, so that (m + n) becomes comparatively 

large(i.e. reduced 'degree of instability'). 

(ii) A minimum in the value of (m + n) occurs within the 

temperature range 450
0 C to 6000 C for both specimens. 

The notable exception to this behaviour being that 

exhibited by sample A after single solution treatment 

o at 1000 C. 
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(iii) In this respect the form of the temperature response 

of (m + n) is very similar to the ductility responses 

of the two samples, since the deformation behaviour 

would appear to be most unstable in the region of the 

ductility minima associated with final failure, by 

intergranular cavitation. The 'degree of instability' 

being least in those specimens which were observed to 

exhibit the highest values of ductility. 

The importance of high strain rate sensitivity in pro-

moting stable superplastic flow with enh~lced ductility was dis-

130 cussed in chapter one. The work of Fleck et al. also refers 

to the importance of high m values in promoting stable plastic 

flow at high temperatures during the deformation of an industrial 

copper based alloy. In particular, they observed a change in the 

mode of formation of intergranular cavities with grain size (as 

discussed previously and illustrated schematically in figure 8). 

The intergranular void sheet mechar-ism, which they propose occurs 

for the fine grain materialS, involves multiple nucleation of 

many cavities on the many grain boundaries present (viz. figure 36) 

followed by void growth resulting from plastic strain concentra-

tions in the region of the void. As discussed previously, the 

authors contend that the ductility is controlled by the plastic 

coalescence of the voids through the formation of internal necks 

as in ductile failure at ambient temperature. They propose there-

fore that the significance of a high m value is that the failure 

of the internal necks will be restricted through increased stab-

ility of deformation. The parameter m is usually increased by 
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a decrease in grain size for a given temperature and str'ain rate, 

(as illustrated in figures 43 and 44). 

The authors
130 

give no details of estimation of m or 

n in their system but propose that at high temperatures and fine 

grain size~m will be more dominant than n. As mentioned previous-

ly, the effect of reduced n should be similar to that of reduced 

m in the failure of the internally necked regions. The observa-

tion of the minimum values of (m + n) in the region of the duct-

ility minima would appear to support this contention. To further 

examine the possible control which this 'degree of instability' 

exerts upon the ductility during final failure by intergranular 

o cavitation, values of (m + n) for both samples at 550 C were 

plotted as a function of grain size. It may be recalled that 

5500 C is close to the temperature of the ductility minimum in 

each case. The results at'e presented in figure 46. Several 

important points should be noted: 

(i) The response of the parameter (m + n) to variation 

in grain size at this temperature is very similar to 

that observed for ductility as a function of grain 

size (figure 41). 

(ii) In this respect, the deformation behaviour of sample 

B is once again recognised as being essentially an 

extension of that of sample A at larger grain sizes. 

(iii) The observed correlation between the form of the 

ductility behaviour and that of (m + n) suggests 

that the ductility observed during final failure by 

intergranular cavitation is to some extent controlled 
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by the 'degree of instability ' of tensile deformation. 

(iv) Extending the arguments of Fleck et al. 130 , it would 

appear that the 'intergranular void sheet' mode of 

final failure is associated in this instance with a 

decreased 'degree of instability' (i.e. increased 

value of (m + n». 

These latter remarks cast serious doubts upon the 

total validity of theoretical treatments of failure by inter

granular cavitation (like thosellO-116 discussed in chapter one) 

in which the ductility at final failure is thought to be essen-

tially independent of any strain localisation effects and asso-

ciated rupture mode. 

4.4 The Relationship between Elevated Temperature Flow 

Stress and Hot Hardness 

In chapter two it was shown that values of the 

Vickers Pyramid Hardness of the two commercial samples at elevat-

ed temperatures were substantially the same. In chapter three 

it was furth er illustrated that values of the 0.2% flow stress 

-4 -1 of the two s amples measured at a strain rate of 7. 5 x 10 min 

were also substantially the same. It would appear possible , 

therefore, t o make a direct correlation between elevated tempera-

ture flow stress and hot hardness. 

Extensive work by Tabor152 has established that at 

ambient temperatures: 

(H) = 
v r 

-2 
3.0 or (kg. mm ) (4. 7) 

-2 where or is the representative yield stress measured in kg. mm 
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and (Rv) is the corresponding Vickers Pyr~nid Hardness in kg.mm- 2 
r 

For a work hardening material it was fur-ther established that the 

representative yield stress was that measured at an offset strain 

of 8.0%. In this way equation (4.7) may be modified thus: 

(H) = 0.306 00(0.08)n 
v r 

-2 (kg . mm ) (4.8) 

where 00 and n are as defined in equation (3.1) and 00 is meas

ured in units of MN m -2. 

Values of (H) were calculated according to equation 
v r 

(4.8) and compared with measured values, Rv, by plotting the ratio 

(Rv IRv) as a function of temperature. The results are shown in 
r 

figure 47a. Two main pcints are to be noted: 

(i) Within the range of scatter, the ratio of cal culated 

hardness to measured hardness follows ostensibly the 

same trend for both materials. 

(ii) The deviation of the calculated values of hardness 

from the measured values appears to be greatest in 

the ranges 400 0 C to 5000 C and above 600oC. 

The significance of this latter observation is that 

for the lower temperature range the deformation is essentially 

controlled by work hardening, whereas at the highest temperatures 

the data discussed earlier in this chapter has suggested that the 

deformation is rather more strain rate sensitive. In order to 

make allowance for variation in the representative yield stress 

through strain rate hardening, as well as strain hardening equa-

tion (4 . 7) was further modified (see Appendix II) to give: 

(H) = 0.306 0- I 
v r Y £ £ 

(4.9) 



where 
Oy1e,& 

A = 

B = 

94 

is the value of the proof stress determined at 

certain values of e . ( -2 and e in MN m ) 
/; 

loge r ) (4.10) 
or--
E 

in which z is the representative strain rate r 

for the hardness indentation. 

e 
log (...E. ) 

e (4.11) 

in which er is the representative strain for 

the hardness indentation. 

m,n as defined previously. 

Different values of & and e were used during the 
r r 

solution of equation (4.9) until the deviations shown in figure 

4'76 were minimised. The results are shown in figure 4Th. It 

would appear that, for the present work the value of hot hard

ness, in the range 4000 C to 700oC, is best related to the tensile 

flow properties through a representative yield stress calculated 

at a strain of 0.5% and a strain rate of 5 x 10- 2 min-i. 

4.5 ConClusions 

The work described in this chapter has established: 

(i) That at 5500 C the deformation and ductility behaviour 

of the 'susceptible' sample B is essentially an ex-

tension of that of sample A at coarser grain size. 

(ii) That the increased ductility of sample A deformed 

(iii) 

o -4 -1 
at 550 C and a nominal strain rate of 7.5 x 10 min 

appears to be associated with an increase in the 

value of the parameter (m + n) at finer grain sizes. 

That the value of hardness in the range .400
o

C to 700
0

C 



is best related to the tensile flow properties through 

a representative yield stress calculated at a strain 

-2 -1 of 0.5% and a strain rate of 5 x 10 min • 

Furthermore it would appear that the association bet-

ween increased ductility and decreased 'degree of instability' 

at finer grain sizes is consistent with the observation that final 

unstable rupture of specimens in this condition occurs as a 

result of strain localisation in the intercavity regions. 
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Figure 39. Comparison of measured flow stress values 
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CHAPTER V 

The AnisotheI'lllal Stress Relaxation Behaviour of Commercial 

'susceptible' and 'non-susceptible' ~Cr "",1-10 l"V Steel 

5.1 Introduction 

In stress relief heat treatments, the heating time is 

comparable with the soaking time, and it has been established182 

that significant stress relief may occur during the heating cycle. 

The work described in this chapter was carried out in an attempt to 

assess the conditions of stress, temperature and strain rate under 

which intergranular failure similar to that observed in the weld 

HAZ of figure 1, might occur during a thermal stress relief heat 

treatment. The investigation described consists basically of the 

monitoring of the stress relaxation behaviour of smooth tensile 

specimens which are held at a constant strain, while being heated 

o -1 0 
at a constant rate of 50 C h from ambient to 700 C. Previous 

171-182 . work employlng the anisothermal stress relaxation test has 

examined the effectiveness of post weld heat trea·tment as a means 

of reducing levels of residual stress in welded structures. Little 

or no attention was paid to the possibility of cracking during 

these studies. 

The total imposed strain rate during tensile testing 

may be divided into elastic and plastic components, thus: 

1:T : 1: + E: e p 
(5.1) 

where £T : total strain rate; 

1: : elastic strain rate; e 

1: : plastic strain rate. p 
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For the condition I:T = 0 

E I: 
_0 

(5.2) = - = K p e 

where = measured stress rate 

K = appropriate elastic coefficient for 

both specimen and machine. 

The specimen thus continues to undergo plastic straining due to 

the residual elastic strain in the specimen and the load measur-

ing cell. 

162 172 . 183 184 Analytical ' and exper1mental ' \<ark by Hart 

and his co-workers has established the usefulness of isothermal 

stress relaxation testing in the investigation of the deformation 

behaviour of materials that lack subst~~tial ductility. In parti-

cular, this work established that after plotting the variation of 

stress and strain rate, monitored during a stress relaxation test, 

on a log-log basis then the strain rate sensitivity, at a parti-

cular strain rate, is given by the slope of the curve at that 

point. This observation is consistent "ith figure 20 in which : 

d log a 

d log E: e,T 
= m (5.3) 

The isothermal stress relaxation test thus accomplishes, 

by a continuous variation, what is usually attempted by the dis-

crete strain rate or load change tests. 

For the anisothermal stress relaxation test there are 

two major complications, viz: 

(i) E, and therefore K, varies with variation of temperature 

(ii) The constantly increasing temperature precludes any 
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description of the process in terms of 'steady-state' 

deformatbn. 

It is likely that an accurate analysis may be achieved by consider-

ing the process as a series of very short time isot~ermal tests. 

In the present investigation no attempt was made to deal ;ri th the 

second (possibly the most important) factor. A very simple 

approach was adopted to allow for the first. It is summarised 

in figure liSa. It was found that for conditions of loading employ-

ed, K was approximately equal to E (see figure 52). In this way, 

an estimate of the strain rate experienced by a specimen at a 

particular stress and temperature was made simply by dividing the 

measured stress rate (&) by the value of Young's Modulus for 

\Cr \Mo \V at that temperature. The data was then presented as 

plots of stress versus temperature and strain rate versus tempera-

ture. 

5.2 Exper~mental 

For isothermal stress relaxation it is usually only 

necessary to preload the specimen to a predetermined level and 

then monitor the load relaxation after the crosshead movement has 

185 been stopped For anisothermal stress relaxation, it is neces-

sary to compensate for the thermal expansion of both the loading 

train and the specimen so that the observed relaxation of stress 

k
177-182 

occurs only through deformation of the specimen. Previous wor 

has employed a variety of mechanical compensation systems. For 

the present investigation a MAND electro-servo hydraulic universal 

testing machine was employed in closed loop strain control mode 

to maintain the specimen strain constant during the heating cycle. 
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The system is illustrated schematically in figure 48b.Temperature 

variation along the specimen gauge length was maintained within 

±30 C for temperatures above 2000 C. 

The control of heating rate was achieved by replacing 

the set point potentiometer of an SKL 12 amp proportional tempera-

ture controller by a Beckman high precision 10 turn helical 

potentiometer (of the same value). This potentiometer could be 

turned at various rates by a small 10-speed motor. In this way 

the set point temperature could be adjusted linearly at rates 

o 0 
varying from 5 C/hr up to 300 C/hr. The tests were conducted with 

an applied heating rate of 500 C/hr. This system operated satis-

o factorily at temperatures above 200 C. Due to the inadequate 

compensation of furnace power at low temperatures, there was found 

o 
to be an offset of 180 C between the set point temperature and the 

measured specimen temperature as shown schematically in figure 49. 

Above 2000 C, measured heating rates fell within 50°C ± lOC/hr. 

The extensometers used were made from stainless steel. 

To check differential thermal expansion that was introduced as a 

result of their being of different composition from the specimen, 

the lower loading pin was removed so that the loading system was 

simply suspended from the load cell. The system was then heated 

o at a rate of 50 C/hr and the signal from the LVDT's* plotted against 

specimen temperature using an X-Y plotter. The results are shown 

in figure 50. It appeared that for heating during this off load 

condition, the displacement as measured by the LVDT's decreased 

Linear voltage - displacement transducers 
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initially as the temperature was raised in the range ambient to 

200
o

C. Above this temperature the displacement remained constant 

to within ±7.5 x 10-3rom. On the control gauge length of 50.8 mm 

this corresponds to strain control within ±0.015% above 2000 C. 

The load cell was connected to a MAND solid state 

resistance bridge and amplifier module. The amplifier gain was 

set such that 250 KN gave an output of 10 V. Tne load signal was 

fed to one channel of a Rikadenka two channel chart recorder. 

By employing a ten step voltage back-off unit, it was possible to 

arrange the chart recorder sensitivity so that a load of 40 KN 

caused a full scale recorder deflection of 250 mm During a 

test the specimen temperature ~Ias recorded on the other channel. 

The load and load rate at a particular temperature were estimated 

directly from the record as shown in figure 51. The variation of 

Young's Modulus for ~Cr ~Mo ~V steel with temperature was taken 

186 from the data of Date • Values calculated from load-displacement 

curves made during the present work at ambient temperature and at 

7 0 d . h h f D 186 f' 52 00 C are compare W1t t ose 0 ate on 19ure . It would 

appear that the approximation of K = E is fairly well justified. 

The specimens used were some 120 mm overall length having a 

parallel guage length of 55 mm • and a guage diameter of 12.7 rom • 

They were machined prior to heat treatment and checked for dis tor-

tion and initial hardness prior to testing. After insertion into 

the loading rig the specimens were loaded at a nominal strain rate 

-1 -2 of 0.12 min • Initial stresses in the range 200 to 850 MN m 

were employed. In this way the maximum strain applied to a 

specimen was of the order of 0.1%. 
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5.3 Anisothermal Stress Relaxation Behaviour of 

'non-susceptible' Convnercial ~Cr ~110 lj;V Steel.:. 

A two part testing program was used to assess the 

sepa~ate effects of solution treatment and prior austenite grain 

size upon the anisothermal stress relaxation of the convnercial 

~Cr ~Mo lj;V samples. In the first part, samples which had been 

single solution treated at 12000 C and 10000 C respectively for one 

hour, were loaded to initial stresses in the range 200 to 850 MN m- 2 

and then Subjected to the testing procedure outlined. In the second, 

samples which had been double solution treated to produce a range 

of prior austenite grain sizes were loaded to an initial stress of 

-2 
550 MN m and then stress relieved. 

Figure 53 compares the stress - temperature response 

of single solution treated specimens of the non-susceptible sample 

(A). The numbers in parentheses identify the speciDlen used in a 

particular test. They are also shown on the strain rate - tempera-

ture response curves of figure 55. All of the stress curves showed 

an increase in the stress level as the temperature was initially 

increased from ambient to about 1500 C. This effect may be due to 

specimen shrinkage as carbon comes out of the solution to form 

carbides. However, in view of the evidence of figures 49 and 50, 

suggesting that uneven heating of extensometers and specimen in 

this temperature region leads to contraction at the LVDT control 

position, it would appear that some of the observed increase in 

stress arises from the way in which the testing machine attempts 

to maintain constant strain by pulling the specimen to keep the 

signal from the LVDT's unchanged. 
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No evidence of cavitation was found in any of the 

o specimens which had been solution treated at 1000 C for one hour. 

Figure 54 illustrates cavitation typical of the type found in 

specimen 1/3 and lIa4, which had been stress relieved from the high-

est stress levels in the series of tests upon specimens solution 

treated at 12000 C for one hour. Comparison with figure 34 would 

suggest that this cavitation of figure 54 had occurred in the latter 

stages of the test at temperatures in excess of 600
0 e. 

Figure 55 compares the strain - rate temperature res-

ponse of the same batch of specimens. Two major observations 

are immediately apparent from the form of the curves: 

(i) For all the tests there are two marked strain - rate 

troughs. 

(H) The position of these troughs would appear to corres-

pond to that of the ductility minima observed during 

tensile testing. 

To investigate the nature of the rate controlling 

processes associated with the occurrence of these strain rate 

minima a simple Arrhenius Rat e Law analysis was performed by 

modifying the f.amiliar Arrhenius Rate Eqaation in which: 

to the form: 

where: 

rate <X exp 

eo • ml.n 

R 

= constant x exp 

= gas constant 

-lIH 
·RT. 

eo • ml.n 

lIH = apparent activation energy 

(5.4) 

(5.5) 

Values of minimum strain rate versus the reciprocal of the absolute 
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temperature at which the minimum occurred were plotted on a log-

linear graph. Only ~esults from the series of tests made on 

specimens solution treated at 10000 C for one hour are presented 

since the occurrence of cavitation in the other s eries would re-

quire that analysis of the additional contribution to the strain 

rate through cavitation be made. Figure 56 illustrates t he form 

of these 'Arrhenius Plots' and indicates apparent activation 

energies of 52.75 kcal mol-1 and 18.61 kcal mol-1 for the upper 

and lower temperature troughs respectively. 

These values are similar to those (59.0 kcal mol-1 and 

19.0 kcal mol-i) reported3 in an investigation of the dependence 

of strain rate sensitivity minima on strain rate and testing tem-

perature for \Cr \Mo l,;V steam pipe material subject to uniaxial 

tensile testing. -1 
The value of 19 kcal mol for the lower tempera-

ture minimum is comparable with the activation energy for the dif-

fusion of carbon in ferrite while that for the upper temperature 

minimum is comparable with the activation energy for the diffusion 

. -1 187 of vanadium in ferr~te of 57 kcal mol • In the present con-

text it would appear reasonable to attribute the lowcr temperature 

trough to a carbon-dislocation interaction and the upper tempera-

ture trough to a vanadium-carbon-dislocation interaction , consis-

. h h . k 3 tent w~t t e prev~ous wor 

Despite the complications involved in the characterisa-

tion of stress - strain rate behaviour from anisothermal stress 

relaxation tests, as outlined in the first section of1his chapter, 

an attempt was made to inv~stigate the stress - strain rate rela-

tionship through the method illustrated in figure 42. Figure 57 
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shows the stress dependence of strain - rate at various tempera-

tures plotted on a log-log basis. It is clear frcm the values of 

the slopes (m') of these plots that the stress - strain rate de-

pendence determined under these conditions does not correspond to 

that determined isothermally in the tensile testing investigation. 

There are two major reasons why this should be so: 

(i) The stresses to prcduce various strain rates were not 

measured at the same strain, only at the same tempera-

ture. 

(ii) The temperature at which the stress and strain rate 

for a particular data point were measured was itself 

changing so that, in effect, the slope should be 

measured in stress - strain rate - temperature space, 

rather than just in stress - strain rate space. 

for the first condition, it is impossible to achieve 

conditions of constant strain and constant temperature simultane-

ously frcm data derived during anisothermal testing. for the 10Her 

stresses, in the condition of lower strain , it is reasonable to 

suppose that the measured strain rates would be higher than if 

they had been determined at the same value of strain as those at 

172 
higher stresses • This would lead to a higher observed slope of 

the stress - strain rate response. for the second condition, the 

situation may be likened to one in which the initial transient 

isothermal deformation behaviour of the material is assessed during 

each small increment of temperature increase. According to the 

work of Hart184 an important contribution to this transient be-

havLour may arise through the relaxation of stress by anelastic 
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deformation. The relative contribution to the strain rate through 

anelastic relaxation will be greatest at the lower l~vels of strain . 

Once again, this would lead to a higher observed slope of the stress -

strain rate response. The values of m' are consistently observed 

to be greater than those of m determined from isothermal uniaxial 

tensile testing. 

Figure 58 illustrates the stress - strain rate response 

of specimens of sample A which had been tested under conditions of 

~sotherlllal stress relaxation at 500 C and 700oC. The measured values 

of the slopes appear to be quite close to those values of m deter

mined from isothermal tensile testing, supporting the analyses of 

Hart162 ,172. The fact that the stress - strain rate behaviour 

observed for anisothermal stress relaxation did not correspond to 

that observed for isothermal testing conditions casts some doubt 

on the reliability of predictions of anisothermal stress relaxation 

behaviour from cr~ep and tensile data determined in isothermal 

tests (e.g. see ref. 182). 

The results of the second part of the program of tests 

on sample A are shown in figures 59 and 60. Figure 61 illustrates 

the variation of strain l'ate I.ith prior austenite grain size at 

various temperatures. The observed decrease of strain rate with 

increase in grain size at 5500 C is consistent I.i th an increased 

contribution to the deformation process through grain boundary 

sliding81 , at this temperature. The strain rate at 350°C and 

450°C appears to be only slightly dependent upon the prior austen-

ite grain size. 

In summary, for the conditions of testing employed, 
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two troughs in the strain rate versus temP.erature response of 

>;,Cr ~Mo l,;v steel are observed. The lower temperature trougi. ap-

pears to be associated with a carbon - dislocation interaction 

but only slight grain boundary sliding. The upper temperature 

trough appears to be compatible with a vanadium - carbon -

dislocation interaction and a much increased contribution to the 

observed deformation arising from grain boundary sliding. 

Some evidence of cavitation in this 'non-susceptible' 

sample of ~Cr ~No lr;v steel was found in specimens which had been 

heat treated to achieve both high degree of solution of vanadium 

carbide and coarse prior austenite grain size. The nature of this 

cavitation suggested that it had formed at temperatures in excess 

of 600oC. 

5.4 Anisothermal Stress Relaxation Behaviour of 'susceptible' 

Commercial ~Cr >;,Mo l,;V Steel 

The deformation behaviour of the 'susceptible' sample 

B under conditions of anisothermal stress relaxation investigated 

using the same two part program as described for sample A. 

Figure 62 compares the stress - temperature response 

of the single solution treated specimens. The form of the curves 

appears ostensibly similar to that observed (figure 53) for the 

'non-susceptible' sample A. However, they differ in one major 

respect in that for some specimens the stress appears to have 

undergone sudden reduction. In particular, specimens #15 and #4 

o 
show marked stress drops at about 350 C. 

Macro-examination of these specimens, after section-

ing and polishing, revealed that they had both suffered extensive 
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cracking perpendicular to the stress axis as shown in figure 63. 

The micrographs of figures 64 and 65 illustrate that -

(i) the failure was intergranular; 

(ii) little plastic deformation had occurred; 

and (iii) where blunting had occurred it was usually in 

association with inclusions. 

Furthermore it is clear from figure 65 that the stress-

es associated with the grOl<th of these cracks were high enough to 

cause the inclusions to be broken. Little evidence of cracking 

away from the main fracture was found. It would seem reasonable 

to suppoae that such rapidly growing cracks were formed during 

the observed stress drops at about 3500 
C. Both specimens show 

further rapid stress drop behaviour at higher temperatures. It is 

most likely that further ~rowth of the cracks formed at 3500 e was 

occurring at temperatures in the region of 5500 C to 6000 e. 

Figure 66 compares the strain rate - temperature 

response of specimens of sample B after single solution treatments 

o 0 at 1200 C and 1000 C for one hour. Although the detailed strain 

rate behaviour of sample B is complicated by the extensive cavita-

tion, the strain rate troughs are again apparent. Figur~ 67 com-

pares the stress - strain - rate response of specimens in the two 

conditions of prior solution treatment at various temperatures. 

Once again the values of m' are greater than values of m deter-

mined during the tensile testing investigation. 

Figures 68 and 69 illustrate the stress - temperature 

and strain rate - temperature response respectively in specimens of 

sample B double solution treated to produce a range of prior austen-

ite grain sizes. Fi gure 70 shows the strain rate variation as a 
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function of prior austenite grain size. Once again it appears 

that the observed strain rates at 3500 C and 4500 C are only slightly 

o dependent upon grain size, while at 550 C the observed decrease 

of strain rate at increased grain size is consistent with an in-

creased contribution to the deformation process through grain bound-

ary Sliding. 

5.5 Discussion 

It is clear that the anisothermal stress relaxation 

behaviour of the 'susceptible' sample \Cr \Mo ~V B differs from 

that of sample A in one major respect. That is in the formation 

of extensive intergranular craCking. Comparison of figures 63 

and 65 with figure 1 (reproduced again in this chapter) suggests 

that this cracking behaviour is similar to that observed in weld 

HAZ's which have suffered stress relief cracking. The conditions 

under which such cracking arises have been identified as being 

associated with a trough in the strain rate - temperature response 

of \cr \Mo ~V which itself appears to be controlled by a carbon -

dislocation interaction mechanism3. The work of Glen15 in which 

interangranular f a ilure was observed to occur during a 'transition 

of creep rate' would appear to be directly comparable. 

An important question which arises, concerns the tem-

perature at which the cracking was observed to occur. Why , one may 

ask, did the specimens of sample B, heat treated under similar 

conditions, not fail in a similar manner when deformed at 350
0

C 

in the rising load tensile tests described in chapter three? This 

question is important not only because it focuses attention upon 

the mechanism by which SRC occurs, but also because it highlights 

the inadequacy of the interpretations of SRC discussed in chapter 
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one which essentially attribute the phenomena to an alloy carbide 

strengthening effect apparently associated with the promotion of 

intergranular cavitation at t emperatures in excess of 5000 C as 

observed in uniaxial t ensile testing. 

The extremely brittle nature of the cracking illustrat-

ed in figures 63, 64 and 65 suggests that the cracks, once nucleat-

ed have grown rapidly under the action of the high applied stress. 

The model of Smith and Barnbyl05 for the nucleation of grain bound-

ary cavities may be described by an equation of the form: 

CJ2 = 2yE!lc (5.6) 
d2 (1_,,2 ) 

where: 
CJ = stress 

2d = distance between barriers along boundary 

2c = barrier thickness 

E = Young's modulus 

y = surface energy term 

" = Poisson's ratio 

Recalling equation (1.3) in which: 

= .1x (1. 3) 
'CJ 

and making the following assumptions: 

(i) barrier thickness equals critical nucleus size, 

(i.e. rc = c); 

(ii) distance between barriers equals that estimated at 450
0

C 

(iii) 

(i.e. r 450 = d); 

" = 0.3; 

it is then possible to solve equations (5.6) and (1.3) simultane-

ously for the conditions of the observed stress drops in specimens 
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#4 and #15, at 350
o

C. Taking the value for Young' s Modulus at 

360
0 c from figure 52 to be 18 x 10~ MN m-2 , and the measured 

-2 stresses at the beginning of the stress drops as 410 MN m and 

-2 
350 MN m for specimens #15 and #4 respectively, t hen values of 

rc and y may be calculated as: 

for specimen #15 

rc = 87 x 10-10 
m 

Y = 1.8J -2 m 

(ii) for specimen #4 

r = c 
81 x 10-10 

m 

1.4J -2 
Y = m 

The values for rc appear to be rather small, certainly 

• -10 75 
partl.cles 160 x 10 m in diameter would not be easily seen by-SEM • The 

values of yare about an order of magnitude lower than the values 

165 
of 'effective surface energy' quoted for steels . However, 

these estimations of critical nucleus size and surface energy do 

indicate that nucleation should be relatively easy ~~der these 

conditions of stress and t emperature. 

To understand why growth of intergranular cavities 

under these same conditions was not observed during tens ile test-

ing it is necessary to recall that the work hardening rate and 

strain rate sensitivity of the material at 350
0

C were both obser-

ved to be low. FurtherTlPre, even if some cavity growth occurred 

during the rising load tensile test it would not be accompanied 

by any marked reduction of stress level. In this way it is poss-

ible to envisage a situation in which a growing cavity becomes 

rapidly blunted as a result of strain localisation. The observation 
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of a blunted boundary cavity formed at 4000 C in sample B (see 

figure 32) is clear support for this idea. 

The conditions of loading in the anisothermal stress 

relaxation test differ in that they allow crack propagation to 

occur in association with stress reduction. It was observed that 

little plastic deformation was associated with the cracks . Further-

more, the fact that the failure occurred in association with a 

strain rate trough and little grain boundary sliding, indicates 

that the conditiOn of the material was such that resistance to initial 

matrix flow was high. In this situation, crack tip blunting will 

be inhibited until extensive crack growth has occurred. 

In chapter three it was observed that the nucleation 

o 
of intergranular cavities at temperatures above 400 C appeared to 

be easier in sample B than in sample A. One possible reason for 

this behaviour was believed to be the increased impurity content 

of sample B. Once again, in view of the magnitude of the estimat-

ed surface energy associated with the stress relief cracks it is 

tempting to relate the ease of nucleation and propagation to an 

impurity segregation effect. This possibility is discussed in 

greater detail in chapters six and seven. 

The foregoing observations and discussion underline 

the inadequacy of the currently available theories of failure by 

intergranular cavitation. In particular, the situation in which 

cavity growth rates are assumed to be slower at low temperatures 

and final unstable failure is assumed to occur only after a cer-

tain proportion of the grain boundaries have become cavitated 

is seen to be unrealistic. FUrthermore, the understanding of 
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SRC as a problem of lau rupture strain is now seen as one in which 

failure occurs at low strains because it is essentially nucleation 

contro7:led. 

It is felt therefore that much of the confusion which 

has arisen in connection with the assessment of susceptibility to 

SRC is the result of adopting test procedures or microstructural 

conditions which allow failure to occur in a growth controlled 

manner, so that, as observed in chapter three, for example, the 

rising load tensile test normally imposes deformation conditions 

upon the specimen, which preclude the development of low strain 

intergranular failure at intermediate temperatures and high stress-

es. It would appear that any loading situation involving the 

application of either constant tensile stress or load will impose 

h 1•·• 175 d h 'd d 1 f d" t e same 1rn~tat~on ue to t e rap~ eve opment 0 con ~t~ons 

of unstable deformation even in the absence of any cavitation. 

In this way it has formerly been found difficult to differentiate 

realistically between materials, all of which fail by intergranu-

lar cavitation, in terms of their susceptibility to SRC. 

5.6 Conclusions 

The foregoing simple analysis of the anisothermal 

stress relaxation behaviour of ~Cr ~Mo \V steel has established: 

(i) The presence of two strain - rate troughs arising 

from (a) formation of carbon-dislocation interaction 

o 0 in the temperature range 300 C to 400 C; 

and (b) formation of vanadium - carbon - dislocation -

o 0 interaction in the temperature range 500 C to 600 C. 

(ii) That for the conditions of loading used, grain boundary 
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sliding is limited in the lower temperature trough, 

but active in the higher temperature trough. 

That failure of a material susceptible to SRC occurs 

in the region of the lower temperature strain rate 

trough due in the first instance to the way in which 

the loading conditions allow rapid crack propagation 

under the action of the high unrelieved stresses. 

(iv) That the mode of failure of a material susceptible 

to SRC is nucleation controlled intergranular cavitation 

and is therefore favoured by conditions of high stress, 

coarse grain size, high resistance to matrix flow and 

contaminated boundaries. 

(v) That even in the absence of adequate theoretical des

cription, the anisothermal stress relaxation testing 

of smooth tensile specimens allows the production of 

reproducible observations of the conditions under which 

unstable intergranular cavitation occurs at very low 

strains . 

(vi) That SRC in ~Cr ~Mo ~V steel is not associated with 

a grain strengthening effect promoted by the formation 

of a fine dispersion of V4 C3' 
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(a) Solution ·treated at 10000 C for one hour 
(b) Solution ·treated at 12000 C for one hour. 



Figure 54. Cavitation in specimen #3 
(Tensile axis vertical) 
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Figure 63. Gross cracking in ~Cr ~Mo ~v B 
during anisothermal stress relaxat·ion. 
(a) Specimen # 15 
(b) Speciman # 4 
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Figure 64 . Details of cracking shown in Figure 63 

(a) ~Cr ':!Mo \V B 
(b) ~r ~Mo \V B 

specimen # 4 
specimen # 15 
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Figure 1. (a) HAZ cracking in A517F (Ref. 611) 
(b) HAZ cracking in \Cr \Mo l,;V (Ref. SO) 

(N.B. A517F composition is basically o.S%er O.5%Mo O.l\V) 
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Figure 65. Details of cracking shown in Figure 63 
illustrating fracture of inclusions 
intersecting main crack path. 
(a) Specimen # 4 
(b) Specimen # 15 
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(a) After solution ' treatment at 10000 C for one hour 
(b) After solution treatment at 12000 C for one hour 
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CHAPTER VI 

Intergranular failur~ of Commercial 'susceptible' and 

'non-susceptible' '"Cr ~Mo lr,v Steel at low temperatures 

6.1 Introduction 

In chapter one of this thesis it was explained that SRC 

is commonly understood as a problem in which the cohesive strength 

of the prior austenite grain boundari~s become limiting, in a 

situation in which the strength of the grains is increased. In 

chapter two it was shown that there was no marked strength increase 

within the grains as assessed by the hot micro-hardness test. How-

ever, the investigations described in chapters three and five 

pointed to the possibility of unstable intergranular cavitation 

failure occurring in an 'nucleation controlled' manner associated 

with very little matrix deformation. The conditions required for 

this tnode of failure were understood to include : 

(i) High resistance to initial matrix flow. 

(ii) High probability of crack initiation upon a boundary. 

The first requirement appears to be controlled by the amount of 

carbon or vanadium in solution in the martensitic matrix. The 

second requirement appears to depend upon the prior austenite grain 

size for the rapid build up of stress concentration on the grain 
170 

boundary at low strains. In addition, it was inferred that a 

further controlling factor for the second requirement might involve 

a lowering of the cohesive strength of the boundary as a result 

., •• 75 
of ~pur1ty contam1nat10n • 

The effects of impurity contamination in promoting 

inter granular failure through reduced boundary cohesion have been 
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extensively studied in connection with the phenomenon of temper 

embrittlement in steels189
,190. The work described in this chap-

ter does not give a complete description of the kinetics and form 

of temper embrittlement in ~Cr ~Mo ~V steels, because this would 

be a separate study in itself. Instead it was designed simply to 

compare the propensity of the two commercial samples of \Cr \Mo ~V 

steel to fail in an intergranular manner at low temperatures, with 

the hope of producing a qualitative assessment of the relative 

cohesive strengths of the prior austenite grain boundaries. The 

work is complementary to that described in earlier chapters which 

have concentrated on the effect of matrix condition and microstruc-

ture. 

6.2 Estimation of Fracture Toughness at 770 K in as quenched 

Material 

The study of temper embrittlement in steels has 

identified the impurity elements responsible for the reduction of 

grain boundary cohesion as belonging to Groups IV, V and VI in 

the periodic table191
• However, the way in which these elements 

segregate to the grain boundaries has not yet been completely 

established. While it would appear that segregation occurs during 

o 0 191 . 
tempering of the steel in the range 350 C to 600 C ,1t has also 

192 been observed that elements such as phosphorus and perhaps tin 

and antimony may segregate to austenite grain boundaries below a 

temperature of about 1150
0 C during austenitisation, and be re-

tained in the boundaries when the steel is quenched. 

Since solution temperature in excess of 1150
0

C have 

been used in the present work, it seemed appropriate to test the 
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latter possibility. 192 
The method used to assess this austenitic 

segregation employed fracture toughness testing (at 77oK) of speci

mens solution treated at various temperatures in the range 10000 C 

to 1350
o

C*. A marked reduction in the fracture toughness was 

observed for specimens solution treated below 1150oC. In the 

present investigation standard three point bend fracture toughness 

• 202 . 
spec~ens of both samples were s~ngle solution treated in the 

o 0 
range 1000 C to 1200 C for one hour, water quenched and then test-

ed at 77
o

K. Each specimen broke without any measurable deviation 

from linearity of the load-deflection record. Crack lengths of 

the failed specimens were measured using a travelling microscope 

and values of fracture toughness were calculated using the recom

mended
202 

K-calibration for three point bend specimens. 

The results are presented in figure 71 as fracture 

toughness versus prior austenite grain size. At first sight, the 

results of figure 71 would appear to be consistent with impurity 

segregation during aus,tenitisation, since the fracture toughness 

o of the most coarse grained sample B (solution treated at 1200 C 

for one hour) appears to be above that of specimens of the same 

sample that have been solution treated at lower temperatures. 

Furthermore, the fracture toughness of sample A appears to show 

a maximum at an intermediate grain size, which behaviour might be 

interpreted as representing the conflicting factors of grain size 

.. f.. . 193) (in reducing the boundary ~mpur~ty content at ~ne gra~ s~zes 

" The exact procedure involved a double solution treatment program, 
with lower temperatures in the range 10000 C to 13000 C in order 
that prior austenite grain sizes of the specimens should be 
substantially the same. 
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and solution treatment temperature (in decreasing the segregation 

at high temperatures). However, a detailed examination of the 

fracture surfaces, by scanning electron microscopy failed to re-

veal evidence of grain boundary rupture in any of these tests. 

The form of the results of figure 71 must then be explained in 

terms of the microstructural features associated with cleavage 

f 'l . th 'al 165 h . a~ ure ~n ese mater~ s • In t e present context ~t was not 

established that any boundary weakening occurred as a result of 

impurity segregation during austenitisation of commercial \Cr ~o 

lr.v steels. 

6.3 Observations of Tensile Mechanical Properties of Tempered 

\Cr \Mo lr. V at 770 K 

Temper embrittlement is usually observed to occur 

after tempering in the region 3500 C to 600oC. The embrittlement 

kinetics usually exhibit a "C"-curve behaviour193 ,194 similar to 

that shown in figure 4, such that tempering at a temperature close 

to the nose may be expected to produce rapid embrittlement. The 

investigation in the present work was limited to the variation of 

tempering temperature. Hounsfield No.13 tensile specimens cut 

from samples A and B were single solution treated at 12000 C and 

10000 C respectively, followed by a water quench. They were then 

tempered isothermally in tube furnaces for one hour at temperatures 

in the range ambient to 7000 C and then water quenched once again, 

before testing. 

~~se variously solution treated and tempered specimens 

were then pulled t~ failure at 77
o

K. The nominal applied strain 

-2 -1 rate was 10 min . Figure 72 compares the low temperature ten-

sile mechanical properties of specimens taken from samples A and B, 
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a a 
tempered in the range 400 C to 700 C after prior solution treat-

ment at 1000
o

C. The flow stress levels for specimens from both 

samples are nominally similar, showing a peak after tempering at 

o 
615 C for one hour, consistent with the hardening behaviour re-

ported in chapter two. However, there is a significant difference 

in the measured values of ductility and fracture stress between 

the samples, A and B. Figure 73 illustrates a series of scanning 

electron micrograph taken upon specimens fractured in this series 

of tests. It is clear that the fracture surfaces of the specimens 

of sample A contain more areas of ductile failure than those of 

sample B. There was no evidence of any intergranular failure in 

any of the specimens. 

Figure 74 compares the low temperature tensile mech-

anical properties of variously tempered specimens of samples A 

and B, after single solution treatment at 1200
o

C. The flow stress 

variation for the two samples in this state of prior solution 

treatment differs in two respects, viz: 

(i) The occurrence of a trough in specimens of sample B 

tempered in the region 2500 C to 350
o

C. 

(ii) An increase in the maximum values of flow stress in 

a specimens of sample A tempered at 615 C over those 

observed for similarly heat treated specimens of 

sample B. 

The ductility of both samples, under these conditions of heat 

treatment and testing, is very low. It is notable that while val-

ues of tensile %Elon and %R.A. for specimens solution treated at 

12000 C are significantly lower than those measured in specimens 
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o 
solution treated at 1000 C, the values of fracture toughness 

shown in figure 71 were ostensibly unaltered. Examination of the 

scanning electron micrographs of figures 75 and 76 gives some in-

dication of the possible reasons for this behaviour. 

It is clear that the failure behaviour of both samples 
• 

in the temperature range of 2700 C to 4300 C, involves the formation 

of intergranular cracks along prior austenite grain boundaries. 

The extent of grain boundary failure in both samples was limited 

to about 1% of the fracture surface area. It is probable that 

the decreased ductility of sample B, during the formation of in-

tergranular cracks, arose through the effect of sample B having 

a coarser prior austenite grain size than sample A, for the same 

d ' · f' l· 195 con ~t~on 0 pr~or so ut~on treatment 

As explained previously, the kinetics of emhrittle-

ment associated with intergranular failure usually exhibits a 

"C"-curve behaviour, with minimum times for complete emhrittle-

f h d f f ' 194 f h 193 d d ment 0 t e or er 0 a ew mmutes ,or a ew ours , epen-

ing upon the details of alloy composition and heat treatment. It 

is quite possible, therefore, that this limited survey has not 

truly assessed the severity and range of emhrittlement associated 

with reduced cohesion at prior austenite grain boundaries in these 

alloys. Nevertheless, it has been possible to identify the basic 

requirements for failure by this mode in these alloys, viz: 

(i) Coarse prior austenite grain size (presumably to allow 

more intense impurity segregation at grain boundaries). 

(11) 
o 0 

Tempering in the range 270 C to 430 C for one hour. 

(iii) High matrix strength, achieved through low temperature 

testing. 
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~Iith respect to the latter requirement it is signifi-

cant that no intergranular failure was observed in association 

with the 'secondary hardening' peak in the measured values of 

f . f 0 low stress. The temper1ng temperature 0 615 C at this peak is 

outside the range of temperatures over which this embrittlement 

. all . d191 1S norm y exper1ence 190 Indeed, it is widely accepted 

that tempering an "embrittled" material at this temperature causes 

a reversible de-embrittlement to occur, so that the once weakened 

boundaries are made to appear strong. It would appear, therefore, 

that the observed intergranular failure at low temperatures is 

the result of an impurity segregation effect. It is not possible, 

at this stage to identify precisely the elements involved. How-

ever, considering the tempering temperature range in which the 

intergranular failure was observed, it seems most likely203 that 

relatively light atom of phosphorus is responsible for the ob-

served effect. 

These obsel'vations have an important bearing upon those 

made in the previous chapters concerning the occurrence of inter-

granular cavitation at elevated temperatures. In particular, 

attention is drawn to the conditions which promoted the unstable 

intergranular crack gr01;th in sample B during the stress relaxation 

experiments. It is significant that the failures were shown to 

o 
have occurred rapidly at about 350 C, under conditions in which 

matrix flow was restricted and in which the high applied stress 

and coarse prior austenite grain size served to allow nucleation 

controlled growth. 

It is not clear that exactly the same conditions pre-

vailed in the low temperature testing. It would appear that the 
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principal growth mode for cracks was by cleavage (in the instances 

where intergranular failure was found). Clearly for the failure 

at 350
0

C the principal grcwth mode was along prior austenite grain 

boundaries, as shown in figure 64. This behaviour arises, we may 

assume, because of the variation of matrix toughness with tempera

ture. At 77
0

K the crack propagates under the action of a very 

high applied stress, such that it may pass easily from transgranu-

lar to intergranular mode with little branching, as shown in 

figure 77. However, during stress relaxation at 3500C the applied 

stress is lower and the matrix toughness is higher as exemplified 

by the high ductilities observed during tensile testing (fig. 23), 

such that easy crack prcpagation is best achieved along prior 

austenite grain boundaries, consistent with the crack-tip blunt-

ing argument of chapter five. 

It is proposed, therefore, that the evidence so far 

discussed would suggest that the nucleation of failure of sample 

B during stress relaxation is in some respects similar to that 

which may be induced to occur at low temperatures a fter tempering 

at temperatures in the region at which the stress relaxation 

cracking occurred. The association of intergranular failure in 

both instances with boundary particles may well be resolved by 

consideration of the application of McMahon's carbide rejection 

d 1191 b h' . me e to ot s1tuat10ns. 

The importance of the trace elements in promoting 

stress relief cracking is therefore underlined. However, it is 

further noted that the detailed observations of earlier chapters 

have shown that the deformation behaviour of sample B at elevated 

temperatures is essentially an extension of that of sample A at 
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coarser grain size. Horeover, the observation tha t low t empera -

ture intergranular failure occurred in both samples must imply 

that the promotion of SRC involves the tipping of a delicately 

balanced set of conditions towards the promotion of uns table in-

tergranular crack propagation. 

6.~ The Effect of Tempering at 3500 C in Promoting Intergranular 

Failure in the Region of the Ductile - brittle impact transi-

tion Temperature 

Much of the early work >lhich has studied temper em-

brittlement has employed the technique of measuring the shift in 

the ductile - brittle impact transition temperature as a means of 

assessing the "degree of embrittlement,,189. This method has 

tl b . . . d193 h d h b . h recen y een cr~t~c~se on t e groun stat y measur~ng t e 

fracture process at different temperatures it precludes any abso-

lute measurement of the development of embrittlement due to fail-

ure along prior austenite grain boundaries . Furthermore, it ;/ould 

appear possible to confuse the relative contributions of fract ure 

mode (viz. cleavage ductile, intergranular) to the observed trans i-

tion behaviour. However, in view of the discus sion of the previous 

section it is perhaps not surprising that increasing use of the 

impact transition temperature measurements is being made in the 

assessment of a material to SRC
2

• 

In the present work, the effect of tempering at 350
0

C 

upon the impact properties of samples A and B, after single solu

tion treatment at 12000 C for one hour, and double solution treat

ment at 12000 C for one hour plus 1000
0

C for one hour, was assessed 

using the Hounsfield balanced impact machine. Solution treatment 

was carried out in batches as described previously. Tempering was 
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carried out by heating similar batches of specimens in a fluidis

ed bed at 3500 C for one hour. 

Figures 78 to 81 illustrate the impact energy curves and 

specimens for samples A and B in these various conditions of prior 

heat treatment. It is clear that the bahaviour of sample B after 

tempering at 350
0

C gives a larger shift in transition temperature 

than sample A for equivalent prior solution treatment. However, 

there are several points of confusion arising from the detailed 

interpretation of these impact transition curves. First is the 

variation in form with prior solution treatment. Those specimens 

which have been double solution treated show a sharp transition, 

whereas the single solution treated specimens showed a steady in-

crease in energy absorbed during impact testing with increase of 

temperature. Furthermore, in the case of the double solution 

treated samples, it would appear that while the shift in impact 

transition temperature for sample B as a result of tempering at 

3500 C is greater than that of sample A, the a~tuaL transition 

temperatures for sampZe A are higher than those of sampLe Beven 

after tempering. 

A detailed examination of fracture surfaces of speci-

mens produced in this experiment failed to show any evidence of 

intergranular failure in the region of any of the transition 

temperatures. However, isolated facets were found (figure 82) in 

specimens of sample B which had been single solution treated, 

o 0 
tempered and then broken at -85 C and -60 C. The photographs 

of figure 83 illustrate that the impact transition is controlled 

essentially by a change in fracture mode from cleavage to ductile 

void coalescence. The single solution treated specimens would be 
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expected to contain more carbon in s olut ion t han the double solu-

tion treated specimens. In this way, variation of the yield 

stress t emperature response of the samples in the region of the 

transition temperatures as a result of different prior solution 

treatment might explain the differing form of the curves. This 

point was not investigated experimentally. 

It is clear that the criticisms levelled against the 

impact transition temperature test193 , concerning the shift of 

balance between matrix and boundary strengths with temperature, . 

are particularly applicable to the present work in which the 

formation of ductile failure serves to complicate the situation 

where only a small amount of low temperature intergranular fail-

ure has been observed. In this respect, the assessment of sus-

ceptibility t o SRC by the inspection of impact transition tem-

perature shift , after appropriate tempering treatment, would seem 

to be unreliable, since the observed shift may not be directly 

associated with intergranular cracking. 

6.5 Conclusions 

This attempt to assess the r el ative cohesive strengths 

of prior austenite grain boundaries in both samples A and B, under 

the possible influence of boundary contamination has established 

the following limited conclusions: 

(i) No boundary weakening as a result of impurity segre-

gation during austenitisation was observed. 

(ii) About 1% intergranular failure in the fracture sur-

faces of smooth tensile specimens from both samples 

o A and B broken at 77 K, was found in specimens tempered 
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(iii) The loss of ductility associated with this mode of 

failure was greatest in sample B, solution treated at 

o 
1200 C for one hour. 

(iv) It would appear that the segregation of phosphorus 

along prior austenite grain boundaries may be reason-

ably associated with the occurrence of this low tem-

perature intergranular failure. 

(v) The conditions of boundary contamination, and high 

applied stress promoting the nucleation of intergranu

lar failure in the smooth tensile specimens at 770 K 

appeared to be similar to those prevailing during the 

initiation of cracks during stress relaxation at about 

(vi) The variation of growth mode in these two situations 

could have resulted from variation in the matrix tough-

ness as the temperature was increased. 

(vii) Measurements of the shift in ductile-brittle impact 

transition temperature are very diHicult to inter-

pret in terms of the effects reduced boundary cohe-

sion in promoting intergranular failure, particularly 

when these effects are small. 
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Figure 73. Scanning Electron Micrographs of 
alloys A and B broken at -19SoC 

(a),(b),(c) - \Cr \Mo l,;v A 
(d), (e), (f) - \Cr \Mo l,;v B 

(a),(d) - tempered at 4300C for 
(b),(e) - tempered at 520°C for 
(c),(f) - tempered at 61SoC for 

one hour 
one hour 
one hour 

All specimens solution treated at 10000C 
for one hour. 
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Figure 73. 



(a) 

_ Solution Troatmort 

~ IAI l2OO'CIIIlI. W.O. 

T8II'f)e!ing Temperature (·C) 

5 

M:JtenaI SoMicn T,....... 

~ 181 I2OO'CItll. W.O. 

'foil, ,\..,. ........ 
O~~~~~~~~ 

Tempering 

(b) 

Figure 74, Low temperature tenSle properties of 
quenched and tempered alloys after 
solution treatment at 12000 C for one 
hour. 
(a) ~Cr ~Mo J"v A 
(b) ~Cr ~Mo J"V B 

00 



Figure 75. Scanning Electron Micrographs of 
alloys A and B broken at -196°C 

(a),(b),(c) - ~Cr \Mo \V A 
(d),(e),(f) - ~Cr \Ho \V B 

(a),(d) - tempered at 120°C for one hour 
(b),(e) - tempered at 2700 C for one hour 
(c),(f) - tempered at 3500 C for one hour 

All specimens solution treated at 12000 C 
for one hour. 
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Figure 75. 



Figure 76. Scanning Electron Micrographs of 
alloys A and B broken at -196°C 

(a), (b) ,(c) - 'oCr ~Mo leN A 
(d),(e),(f) - ~Cr ~Mo. ~V B 

(a),(d) - tempered at 430°C for one hour 
(b),( e) - tempered at 530°C for one hour 
(c), (f) - tempered at 700°C for one hour 

All specimens solution treated at 12000 C 
for one hour. 
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Figure 76 . 



Figure 77. Failure of sample B at -19SoC after 
solution treatmen~ at 12000 C for one 
hour and tempering at 2200 for one hour. 
Note the sharp transition from inter
granular mode of crack propagation. 
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Figure 80. Impact behaviour of sample A solution 
treated at 12000 C (lh) plus 10000 C (lh) 
and also solution treated as above plus 
tempering at 350oC. 
(a) Energy - temperature transition 
(b) Fracture appearance. 
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(a) (b) 

Figure 82. Exampl es of isolated intergranular 
facets found in sample B after single 
solution treatment and tempering at 
350°C. 
(a) Broken at -60°C (Impact energy 3 Nm) 
(b) Broken at .- 8SoC (Impact energy 2 Nm) 



Ca) 

(b) 

(c) 

Figure 83. Typical examples of fracture behaviour during 
impact testing of alloys A and B 
(a) ~Cr ~Mo \V B solution treated at 12000 C (lh) 

+ 10000 C (lh) and broken at -2SoC with an 
energy of 20 Nm 

(b) Ditto, broken at -80oC with an energy of 2 Nm 
(c) ~Cr ~Mo \V A solution treated at 12000 C (lh) 

+ 10000 C (1h) and broken at -40oC with an 
energy of 2 Nm 
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CHAPTER VII 

The Tensile Mechanical Properties of High Purity 

\Cr ~110 \V and 2' ... Cr lMo Steel at Elevated Temperatures 

7.1 Introduction 

This chapter describes the results of a small study 

carried out on tHO samples of high purity low-alloy steel. The 

chemical analyses of these samples were given in Table II (chap-

ter two). In essence, the work described chapters three and four 

is further examined from two standpoints, viz: 

(i) The effect of sample purity; and 

(H) the effect of sample base composition, 

upon the promotion of low ductility at elevated temperatures dur-

ing unstable failure by intergranular cavitation. The former 

factor is considered by comparing the behaviour of the commercial 

samples of \Cr ~Mo \V steel with that of the high purity sample, 

while for the latter the behaviour of the high purity 2\Cr lMo 

steel is compared with that of the ~Cr >'110 \V series of steels. 

2\Cr lMo steel is widely used in creep resisting 

situations, equivalent to those in which ~Cr >,Mo \V steel is 

used163• Indeed it is often preferred because of its apparently 

reduced susceptibility to SRC58 ,65. The usual explanation for 

this observation is that the absence of precipitation of V4 C3 

in 2\Cr 1Mo steel allows stress relaxation to occur without the 

promotion of grain strengthening and concomitant intergranular 

f "l 65 al. ure. 
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7.2 The Variation of Prior Austenite Grain Size and 

Secondary Hardening as a Function of Prior Solution 

Treatment. 

Both of the high purity samples were received in 

the form of 25 mm diameter round bars. These bars were cold 

rolled to approximately 10 mm diameter before being heat treated. 

Figure 84 illustrates the variation of prior austenite grain siz~ 

as a function of prior solution treatment for the two samples of 

high purity steel. For the limited data presented, it would ap

pear that the \Cr \Mo ~V (H.P.) sample achieves a coarser grain 

size than the ~Cr 1Mo (H.P.) sample, after equivalent solution 

treatment. 

Figure 85 illustrates the isothermal hardening res

ponse of the two high purity samples after tempering at 62?oC. 

Four main observations are apparent: 

(i) The 2\Cr 1Mo (H.P . ) sample undergoes considerably 

more softening than the \Cr \Mo \V (H.P.) sample 

for equivalent heat treatment. 

(ii) The degree of softening in the \ Cr \Mo \V (H.P.) 

(iii) 

sample is similar to that observed in the commercial 

samples A and B. 

The behaviour of the .,cr \Mo \V (H.P.) sample after 

double solution treatment is consistent with that 

observed for the commercial samples A and B, suggest

ing that V4 C3 may be brought out of solution in 

austenite, by appropriate solution treatment. 

(iv) The behaviour of the ~Cr 1Mo (H.P.) sample after 
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double solution treatment is not consistent with that 

observed for the ~Cr \110 !r.V s amples , but suggests , 

that some carbon may be brought out of solution at 

the lower austenitising temperatures. 

The alloy carbide , 1102 C, which is responsible for the secondary 

hardening of ~Cr 1110 is generally felt to be completely soluble 

. . 144 . 
1.0 austenl.te . It 1S easy to understand why an examination of 

the tempering behaviour of 2\Cr 1Mo has led many authors196 ,197,49,163 

to attribute the low occurrence of SRC in this alloy to the reduced 

grain strengthening which occurs during reheat-treatment after 

welding. 

7.3 The Effect of Prior Solution Treatment on the Tensile 

Mechanical Properties of the High Purity Alloys at 

Elevated Temperatures 

Hounsfield No.13 double shouldered were solution 

treated in batches as described in chapter three. Because of the 

small amount of material available , these heat treatments were 

restricted mainly to: 

(i) 12000C (lh) + W.Q . 

(ii) 12000C (lh) + 10000C (lh) + W.Q. 

Testing was confined mainly to temperatures in excess 

of 4000C since the work described in chapter three had indicated 

that failure by intergranular cavitation was not observed during 

rising load tensile testing below 4000C. A nominal applied strain 

rate of 7. 5 .?, 10- 4 min-1 was used for all the tests. Figure 86 

compares the elevated tensile mechanical properties of the high 

o 
purity samples after solution treatment at 1200 C for one hour. 
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Three main points are apparent: 

(i) o For temperatures greater than 600 C, the strength of 

the 2l,;er Hlo (H.P.) sample is lower than that of the 

~Cr ~Mo l,;V (H.P.) sample. 

(ii) For temperatures greater than SOOoC the ductility of 

the 2l,;Cr 1Mo (H.P.) sample is greater than that of 

the ~Cr ~Mo l,;V (H.P.) sample. 

(iii) The ductility of the 2l,;Cr lMo (H.P.) sample increas-

e6 at the highest temperatures, while that of the 

~r ~Mo l,;V (H.P.) sample remains relatively low. 

These observations tend to suggest that the formation 

of vanadium carbide in ~Cr ~[~o l,;V steel might indeed promote re-

duced ductility through intergranular cavitation in association 

with increased grain strengthening at elevated temperatures. The 

effect is certainly not as marked as the ambient temperature 

hardening response might lead one to expect . 

Figure 87 compares the elevated temperature tensile 

mechanical properties of the high purity samples after double 

solution treatment at 12000 C for one hour plus 1000
0

C for' one hour. 

The flow stress levels for both samples are nominally similar to 

those measured in specimens '.;hich had received the single solution 

treatment. The data of figure 88 shows that the double solution 

treated specimens exhibit increased leyels of ductility over 

those which had been single solution treated. 

Figure 89 compares the work hardening behaviour of 

the two high purity samples in the various states of prior solu-

tion treatment. Figure 90 compares the effectiveness of equation 

(3.2) in predicting the value of U.T.S. for the high purity 
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samples from the work hardening data of figure 89. The equations 

of the best straight lines determined by the method of least 

squares for the data of figure 90 are: 

(a) for \Cr \110 ;"V (H.P.) 

(Calc. U. T. S.) -2 = 1.014382 (Expt.U.T.S.) + 9.03 MNm 

(correlation coefficient, r = 0.998967) 

(b) for 2;"Cr 1Mo (H.P.) 

(Calc.U.T.S.) -2 = 0.992328 (Expt.U.T.S.) + 22.27 MNm 

(correlation coefficient, r = 0.999640) 

(7.1) 

(7.2) 

As for the commercial samples, the resubs of figure 

90 and equations (7.1) and (7.2) provide some measure of confi-

dence for quantitative discussion of the temperature dependence 

of 0 0 and n shown in figure 99. 

The limited amount of data for the high purity 

materials shows that the flow stress as assessed by a is not 
o 

significantly altered by prior solution treatment in either 

sample. The behaviour of the work hardening exponent for the 

o 2l.;Cr 1Mo sample shows the appearance of troughs at about 500 C 

for the single solution treated specimens and 6000 C for the 

double solution treated specimens. Although neither of these 

troughs coincides with the observed ductility troughs at 5500 C 

it appears that the values of n above 5500 C for the double solu-

tion treated specimens are lower than those for the single solu-

tion treated specimens. When considered in conjunction with the 

observed elevated temperature flow stress behaviour and the am-

bient temperature secondary hardening response of the 2l.;Cr 1Mo 

(H.P.) sample, it would appear that the behaviour of the double 

solution treated specimens may not be easily explained in terms 
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of alloy carbide formation. 

The work hardening behaviour of the ~Cr ~Mo ~v (H.P.) 

sample illustrates higher values of n for the double solution 

treated specimens consistent with the overall behaviour of the 

commercial samples. However, the limited data does not suggest 

any marked trough for either the single or double solution treated 

specimens of the high purity samples. Inspection of the data of 

figure 28 suggests that the n - temperature response of the com

mercial sample A, after single solution treatment at lOOOoC for 

one hour, is relatively flat except for the much increased value 

of n at 700
0

C. No tests were carried out on the high purity 

samples at 700
0

C. The flat temperature response of the n values 

in the ~Cr ~o ~V (H.P.) sample in the region of the ductility 

minima as compared with the sharp trough-like response of n for 

the 2\Cr lMo sample is directly comparable with the observed 

ductility behaviour of both samples in this temperature region. 

This behaviour suggests that some control upon the ductility 

during failure by intergranular cavitation is exerted by the mode 

of deformation, as discussed in chapters three and four. Because 

of the limited amount of material available, no investigation of 

strain rate sensitivity of the high purity samples was made. 

7.4 The Effect of Prior Austenite Grain Size upon the Tensile 

o 
Mechanical Properties of the High Purity Samples at 500 C 

In chapter three it was observed that prior austenite 

grain exerted an important influence upon the ductility of >,Cr ~t10 

~V material during failure by intergranular cavitation. A limited 

series of tests was conducted upon the high purity samples to 
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examine briefly the effects of variation of prior austenite grain 

size upon their respective mechanical properties at 5000 C. 

Tensile specimens were solution treated in the following manner: 

(i) 12000 C (lh) + 1000
0

C (lh) + W.Q. 

(ii) 11000 C (lh) + 10000 C (lh) + w.Q. 

(iii) 10000 C (lh) + W.Q . 

and then pulled to failure at 5000 C, at a nominal strain rate of 

7.5 x 10-4 min-I. The results are presented in figure 91. The 

points in parentheses are those measured from specimens which had 

o been single solution treated at 1200 C for one hour. It is clear 

that the values of the various flow stress parameters 00' UTS, 

0.2% P.S. for the 2\Cr lMo (H . P.) sample are consistently higher 

than those for the \Cr \Mo ~V sample. No explanation of this 

phenomena could be found in the literature, and in the absence 

of any detailed metallographic examination, none can be given here. 

This effect is unexpected in view of the observed secondary hard-

ening behaviour of the two samples (figure 85) and further points 

to the absence of any direct association between the precipitation 

characteristics and the short term tensile mechanical properties 

of these steels at 500
0

C. 

The mode of failure for all of those tests was by 

intergranular cavitation. The level of ductility observed in the 

\Cr \Mo ~V sample is considerably greater than that measured for 

the 2~Cr lMo sample and presumably results from the higher levels 

of flow stress in the latter sample. It is notable that the 

behaviour of the work hardening exponent as a function of grain 

size , for the 2~Cr lMo sample, closely resembles the response of 

the reduction of area, suggesting again some association between 
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the deformation mode and failure by intergranular cavitation in 

the material. The values of the work hardening exponent for the 

~Cr >,Mo 'r,V sample are slightly greater than those fur the 2'r,Cr 1Mo 

sample. Clearly the ductility behaviour of the "Cr "Mo 'r,V 

is in no wayan extension of that of 2'r;Cr 1Ho, as was inferred 

during the comparison of the behaviour of the commercial samples 

of l:iCr l:iMo l,;v steel. However, it would appear that for the 

~r >'110 'r,V (H.P.) the effect of increased grain size in reducing 

ductility is not seen until a relatively coarse grain size is 

employed. It is felt that this effect relies on the way in which 

boundary purity affects the growth of intergranular cavities. 

This point is further discussed in the next section. 

7.5 Comparison of the Behaviour of Commercial and High Purity 

Materials 

This section, attempts to place the limited data 

derived during the testing of the high purity samples in the 

broad general context of that obtained during the testing of the 

commercial purity samples. ~ost emphasis is laid upon the com-

parison of the behaviour of the three samples of "Cr "Mo 'r,V 

steel, because of the small amount of data available for the 

2'r,Cr 1Mo sample. 

Figure 92 compares the percentage reduction of area 

and measured values of 0.2% proof stress at 5000 C for the four 

samples as a function of prior austenite grain size. The points 

shown in parentheses are those observed in specimens which had 

o 
received a single solution treatment at 1200 C for one hour. 

Three main points are apparent: 



(a) 

(b) 

(c) 
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For any particular sample, the ductility of a speci

men which had received the 12000 C single solution 

treatment was lower than that for double solution 

treated specimens even at nominally similar grain 

size and proof strength levels. 

For the ~Cr ~o ~V series there is a significant 

improvement in ductility in the high purity sample. 

For the commercial purity samples, the main improve

ment in ductility would appear to be closely linked 

with the finer grain size achieved in sample A after 

equivalent solution treatment. 

The effect of purity in the ~Cr ~Mo ~V series is further emphasis-

ed in figure 93 which illustrates the variation of 0.2% proof 

stress, work hardening exponent and ductility at 5000 C in speci

mens of ~r ~Mo ~v,187 all having the same prior austenite grain 

size (-130 ~m), with variation of the total impurity content of 

those elements usually associated with 101< temperature inter

granular failure. It is clear that the arguments concerned with 

the possible association of work hardening exponent .lith ductility 

cannot explain the dramatic increase of ductility in the high 

purity sample. 

Since the variation of proof stress and work harden

ing exponent at 5000 C as a function of purity is low (and pro

bably reflects the reduced alloy content of the high purity 

sample) it is felt that the explanation for the improved duct

ility of the high pllI'ity sample lies in the propensity of the 

intergranular cavities to be more easily blunted ~,der these 

conditions. Figure 94 shows examples of blunted cavities found 
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o in the high purity samples at 550 C. It is clear that the blunt-

ing is effected both along the boundary as well as at triple points. 

Figure 95 illustrates the formation of cavities in high purity 

~Cr ~o \V strained immediately prior to final failure at 500oC. 

The prior austenite grain size of this specimen was about 130 ~m. 

Figure 96 shows a detail of the crack tip blunting which occurred 

during the failure of this specimen. 

It is clear that the final failure of the high purity 

material having grain sizes less than about 130 ~m is intimately 

associated with ductile failure of the intercavity regions to 

produce cavity coalescence. This process would appear to be 

very similar to that observed in the fine grained specimens of 

commercial sample A (figure 36) which behaviour was similarly 

associated with an increased ductility. The orientation of the 

major crack in figure 95a clearly suggests that the major growth 

of cavities in this specimen occurred in association with a shear 

band. This behaviour is very similar to the void sheet process 

196 197 proposed by Rogers ' for ductile failure by the plastic growth 

and coalescence of voids formed around inclusions. As discussed 

130 
previously, this similarity has been referred to in the context 

of cavitation failure of a commercial copper based alloy. However 

it has never been examined in high purity materials. 

Figure 92 shows an apparently sharp drop in ductility 

of ~Cr ~Mo \V (H.P.) for grain sizes in excess of about 130 ~m. 

It is felt that this observation indicates a rapid shift of failure 

, d bTl' 130 mode to the 'critical crack length type as propose y ap 1n 

132 
and Soderberg Figure 97 illustrates a coarse grained specimen 

strained at 3l6'C. It shows a flatter mode of growth like that 
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observed for the coarse grained specimen of the co~~ercial samples 

(figure 34). 

Investigation of angular distribution of cavities has 

usually been concerned with the interpretation of cavity growth 

d " . 198-200 as controlled by grain boundary Sliding or vacancy con eDsat10n. 

Depending upon whether the distribution showed a tendency to peak 

o 0 
around 45 or 90 , the cavity growth mechanism has been deduced 

to be based upon on grain boundary sliding or vacancy condensation 

respectively. Recent work
201 

which examined the effect of grain 

size on the distribution of creep cavities in austenitic stainless 

steel showed a shift in the peak of the angular distribution from 

o 0 
90 towards 45 for a decrease in grain size. This behaviour was 

interpreted in terms of cavity growth in the coarser grain size 

specimens occurring primarily by the plastic tearing of boundary 

precipitate -matrix interfaces lying perpendicular to the applied 

stress. For the fine grained specimens , it was felt that such 

growth was influenced rather more by a shear controlled process. 

Although no detailed examination of the angular dis-

tribution of cavities was made in this work, it would appear 

from comparison of figures 36 (fine grained sample A) and 95 

(130 ~m grain size \Cr ~Mo ~V (H.P.)sample), and figures 34 (coarse 

grained sample A) and 97 (170 ~m grain size \Cr \Mo ~V (H.P.) sam-

pIe), that the transition from shear controlled growth to normal 

stress controlled growth with varying prior austenite grain size 

occurs in a manner directly comparable to the observed ductility 

behaviour. The reason for this behaviour is most easily explain-

ed in terms of a lower cohesive strength of the boundaries in 

the commercial samples such that growth occurs simply by pulling 
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them apart even at relatively fine grain sizes. The slow transi

tion of failure mode in the commercial samples is presumably in

dicative of the competing action of the factors of low boundary 

cohesion and incidence of triple points in promoting crack tip 

blunting and associated shear controlled cavity growth. As 

observed in the third chapter this behaviour appears to be asso

ciated with increased stability of tensile deformation in the 

finer grained specimens. In the high purity sample these compet

ing factors are not as marked so that the shear controlled failure 

mode is allowed to persist even at larger grain sizes. The sharp 

transition in ductility reflects the reduced resistance to cavity 

growth arising from the reduced number of triple points in the 

coarse grained material. The situation described above is sum

marised schematically in figure 98. 

In conclusion it would appear that the data of 

figure 93 illustrates the effect of decreased sample purity in 

reducing boundary cohesion during failure by intergranular cavi

tation and theraby promoting low resistance to crack growth. The 

mechanism by which sample purity affects boundary strength under 

these conditions is by no means clear. 

7.6 Conclusions 

The work described in this chapter produced only a 

limited amount of data in an attempt to examine the effects of 

sample purity and base composition upon the intergranular failure 

mode of quenched low alloy steels at elevated temperatures. It 

has established four main points, viz: 

(i) That the behaviour of ~Cr lMo steel is not directly 

comparable with that of \Cr \Mo ~V steel solely in 
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terms of the precipitation characteristics of the 

two materials. 

(ii) That the effect of reduced sample purity in ~Cr ~o 

~v steel is to promote reduced boundary cohesion 

during failure by intergranular cavitation. 

(iii) That the final failure mode during intergranular 

cavitation of the \Cr \Mo ~V steel is dependent both 

upon prior austenite grain size and sample purity 

such that high ductility in the high purity sample 

is maintained even at relatively coarse grain size 

because of the operation of a shear controlled void 

sheet mechanism in the absence of reduced boundary 

cohesion. 

(iv) That the effect of increased boundary cohesion in 

the high purity sample is similar to that of reduced 

grain size in the commercial samples,in that it 

allows the promotion of cavity blunting and associat

ed increased ductility. 
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Figure 93. variation of 0. 2% proof stress. work 
hardening exponent and % reduction of· 
area for \Cr \Mo \V steel deformed at 
5000 C as a function of purity. 
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Figure 95. Cavitation in ~Cr ~Mo ~V H.P. Steel 
having a prior austenite grain size 
of approximately 130 Il m and deformed 
at 500oC. 



Figure 96. Detail of cavitation illustrated in 
figure 95 showing extensive crack 
tip blunting prior to final failure. 



Figure 97. Cavitation in ~Cr \Mo ~V H.P. Steel 
having a prior austenite grain size 
of approximately 170 urn and deformed 
at 500°C. 
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CHAPTER VIII 

Concluding Remarks 

8.1 The Mechanism of Stress Relief Cracking in 

Cr-Mo-V Steels 

In chapter five it was shown that extensive inter

granular cracking occurred during the thermal stress relief of 

coarse grained sample B. In particular, it was clearly illustrated 

that the cracking occurred during the heating cycle of a stress 

relief heat treatment at about 350oC. Observations of the form 

of the cracking, as well as estimations of the critical nucleus 

size and surface energy associated with it, indicated that such 

stress relief cracking is effectively nucleation controlled un

stable intergranular failure. 

It is significant that the cracking described occur

red at about 3500 C for three major reasons: 

( i) This temperature is close to that of the lower of 

the two observed minima in strain-rate which are 

experienced during anisothermal stress relaxation. 

(ii) Tensile specimens tempered at this temp~ature 

(iii) 

(after equivalent solution treatment) and then broken 

at 770 K showed evidence of intergranular failure, as 

described in chapter six. 

Tensile specimens deformed at this temperature 

(after equivalent solution treatment) do ~ fail in 

a brittle intergranular manner, as shown in chapter 

three. 

For the first, after comparison of the apparen~ 
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activation energies for t he two strain-rate minima with published 

data , it appears reasonable t o attribute the lower t emperature 

strain-rate minimum to a carbon-dislocation interaction , and the 

upper temperature minimum to a vanadium-car bon-diSlocation inter

action. The cracking is therefore not associated with a creep 

strengthening effect due to the formation of a fine dispersion of 

alloy carbides. For the second , it is reasonable to attribute 

the boundary weakening observed after tempering at 3500 C to an 

impurity segregation effect , most probably involving phosphorous. 

Considering the observations of chapters three, four and seven 

concerning sample purity, it is tempting to relate this effect 

to the observed ease of nucleation and growth of cavities during 

stress relaxation at 3500 C. For the last, it is necessary to 

understand that the conditions of loading in the anisothermal 

stress relaxation test allow crack propagation to occur in asso

ciation with stress reduction , but that this i s not so for the ris

ing load tensile test. Furthermore,it was noted in chapters 

three and four that both the work hardening exponent and the 

strain rate sensitivity of y,Cr ~Mo ~V steel are low for def orma

tion at 3500 C. It seems likely, therefore, that even when cavity 

nucleation occurs in a rising load tensile t est at 350
0

C, subse

quent growth is inhibited because the growing cavity rapidly becomes 

blunted as a result of strain localisation. For the anisothermal 

stress relaxation test, the conditions of loading allow such crack 

tip blunting to be inhibited until significant crack growth has 

occurred. Essentially, these are the conditions which exist in a 

weld HAZ during thermal stress r elief. 

Throughout the thesis the importance of prior austenite 
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grain size in promoting low ductility in association with inter

granular failure has been emphasised. In this res pect it is 

noted that the prior austenite grain size of sample B is about 

twice that of sample A ~fter solution treatment at 12000 C. It 

has become apparent that this observation is significant for two 

major reasons: 

(i) For any boundary impurity segregation phenomena it 

is recognised that a larger grain size will allow 

more intense boundary coverage for a given bulk con

centration of impurity, because of a reduced grain 

boundary area. 

(ii) Triple points are recognised as providing barriers 

to cavity growth such that a fine grain size will 

promote cavity blunting. 

It appears, therefore that while both samples showed 

evidence of boundary weakness during failure at 77
o

K, the condi

tions of microstructure and loading during stress r e laxation at 

3500 C were sufficient to cause nucleation controlled intergranular 

failure of sample B but not of sample A, consistent ,lith their 

respective observed susceptibilities to s tress relief cracking. 

The ,mechanism of stress relief cracking in Cr-Mo-V 

steels may be summarised in the following three sentences: 

(i) SRC occurs in the first instance under loading 

conditions which allow rapid propagation of nuclea

tion controlled intergranular failure. 

(ii) In Cr-Mo-V steels SRC is not associated with the 

creep strengthening of the grains as a result of 

the formation of a fine dispersion of allow carbides. 



(iii) 

1'12 

The susceptibility of commercial Cr-Mo- V steels to 

SRC depends largely upon the extent of austenite 

grain coarsening within a weld HAZ, and to some de

gree upon the segregation of impurities to the prior 

austenite grain boundaries. 

8.2 The Significance of Current Theoretical Treatments of 

Intergranular Cavitation to the understanding of Stress 

Relief Cracking 

In chapter one it was described how current theoreti

cal treatments of intergranular cavitation have generally recog

nised three stages in the promotion of final failure, viz: 

(i) 

(ii) 

(iii) 

the nucleation of cavities; 

the stable growth of cavities; 

unstable fracture. 

The mechanism of stress relief cracking described in 

the previous section of this chapter, has suggested that the inter-

mediate stage involving stable cavity growth is largely eliminated 

during failure by SRC. As discussed in chapter one, the theoreti

cal understanding of the final stage of unstable fracture is very 

limited. Furthermore, the understanding of the second stage is 

such that ~ of the currently available theories can predict the 

occurrence of unstable nucleation controlled cavity growth such as 

has been observed for SRC. 

In chapter five it was implied that a major factor 

which acts to promote this mode of nucleation controlled inter

granular failure was the prospensity of a growing cavity to 

remain unblunted. Observations, described in chapters three and 

seven, of cavities formed during the rising load tensile testing 
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of commercial purity and high purity samples, have shown that 

cavities are blunted primarily at triple points but may also be 

blunted at positions along a prior austenite boundary. The re-

quirement for this latter condit ion would appear to depend upon 

sample purity. A further condition which was inferred to promote 

cavity blunting was the propensity of the material to allow strain 

localisation through unstable tensile deformation in the region 

of the growing cavity. 

This last condition allows one to understand more 

clearly the existence of two basic forms of final unstable fail-

ure during intergranular cavitation. These may be compared 

directly with the two categories of cracking and rupture as 

described by Knott
165 

for the various micro-mechanisms of fracture 

at ambient temperature. In this way, the observed association 

of increased strain rate sensitivity and ,/Ork hardening exponent 

with increas ed ductility during the failure of fine grained 

specimens at 550oC, is indicative of a rupture process in which 

the ductility at final failure is controlled by the deformation 

of the blunted intercavity regions. On the other hand when 

cavity blunting is inhibited, through conditions of loading , 

microstructure or composition , the mode of failure is more clear-

ly brittle and crack-like and in this respect favoured by condi-

tions of high applied stress, and ease of cavity nucleation. 

This is not to say that the analogy with failure 

behaviour at ambient temperatures should be carried over in 

its entirety to the phenomenon of intergranular cavitation 

at elevated temperatures. The limited success which has been 

. d h . 201< b h k h h exper~ence at t e present t~me y t e many wor ers w 0 ave 
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attempted to apply LEFM* to the treatment of creep crack growth 

bears out this observation. However, it would appear that much 

of the present incompleteness of the theoretical treatments of 

intergranular cavitation arises as a result of the way in which 

inadequate account is made of the various possible micromechan

isms of cavity growth. 

8.3 Tne Possibility of Safer Thermal Stress Relief of Weld HAZ's 

The work described in this thesis has identified the 

conditions under which failure by stress relief cracking may be 

expected to occur in Cr- Mo-V steels. However, at most it may 

only be regarded as a beginning in the solution of the wider pro

blem involving the real welding situation. In this respect, 

there remains at least two major questions, viz: 

(i) What, if any, is the effect of pre-existing cracks, 

defects, inhomogeneity and stress concentration 

upon failure by nucleation controlled intergranular 

cavitation? 

(ii) What is the effect of mixed microstructure, such 

as may be produced within a weld HAZ , upon failure 

by nucleation controlled intergranular cavitation? 

For the first it is desirable that a welding engineer be able to 

decide to thermally stress relieve a particular structure through 

knowledge of the 'defect tolerance' of a material for conditions 

of thermal stress relief. However, it is clear that assessment 

Lineal' Elastic Fracture Mechanics 
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of such a parameter must take due account of the possibility of 

cavity blunting in materials having low strain rate sensitivity 

and rate of work hardening. It is possible to argue that an in

crease in stress concentration may in fact encourage cavity blunt

ing and therefore reduce the extent to which nucleation controlled 

intergranular cavitation may occur. In this way, there may exist 

a critical range of stress concentration below which nucleation 

does not occur and above which growth is prevented because of 

cavity blunting. This idea may be investigated in the first in

stance by using blunt notched tensile specimens in an anisothermal 

stress relaxation experiment such as that described in chapter five. 

The use of fatigue pre-cracked specimens will present some major 

difficulties not least of which is the effect of oxidation at the 

crack tip during testing. 

For the second question it is clearly important to 

assess the role of various weld ~ffiZ microstructures with a view to 

optimising parameters like weld heat input, welding speed and 

electrode or filler composition, such that cavity blunting may be 

promoted during thermal stress relief. For the present , it would 

appear that significant progress in the assessment of a particular 

steel's susceptibility to stress relief cracking may be made 

simply by measuring the extent of prior austenite grain coarsening 

during welding. 

Finally, with regard to stress relieving practice it 

would appear to be safer to adopt a stress relieving heat treat

ment which allows significant stress relaxation to occur at the 

lower temperatures where failure by nucleation controlled inter

granular cavitation is not observed. After inspection of the data 
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of chapter five, it may be supposed that for Cr-Mo-V steels a 

suitable treatment is of the form: 

o (i) heat at 50 C/h to a temperature in the range 

(H) 

(Hi) 

(iv) 

270°C to 300° C; 

hold for six hours; 

° further heat at 50 /h to a temperature in the 

o 0 
range 690 C to 710 C; 

° cool at a rate 50 C/h to ambient. 

Such a schedule will provide the added benefit of 

requiring leS6 power for operation _than the conventional treat-

ments as described on page 15. 
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APPENDIX I 

The Relationship between Ultimate Tensile Strength 

and Work Hardening Behaviour 

During uniaxial tensile testing, the true stress, 

0t is related to load, P, by 

P = 0t A 

where A = current cross sectional area. 

The U. T. S. is measured at the maximum load when 

= o (A1.1 ) 

Plastic deformation is assumed to occur at constant volume, so 

that 

dL 
L= -dA 

A = (A1.2) 

Transposing equation (Al.l) and substituting equation (Al.2) the 

condition at maximum load may be described by 

dOt 
= (Ot) 

d€t u 
(Al. 3) 

The subscript u denotes that this is the value of U. T.S. expressed 

in terms of true stress. 

If the material deforms according to equation (3.1.) 

viz: 

°t = 

dOt 
= 

d€t 

= 

= 

n 
° (€t) 

0 

n 00 

n 

n ° n o 

(€t )n-l 

(A1.4) 
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Now U.T.S. is measured experimentally in terms of engineering 

stress which may be related to true stress according to: 

crt = cr (1 + Ee) e 

i. e. (cr ) 
crt 

(Al.5) = (1+E ) = U. T.S . 
e u e u 

The subscript e denotes engineering stress and strain. The 

relationship between true strain and engineering strain may be 

expressed as: 

Et = In (1 + Ee) 

i.e. exp(£t) = 1 + E e 

(£ ) 
e u = exp (n) - 1 (Al. 6) 

Substituting equations (Al . 4) and (Al.6) into equation (Al.5) 

yields: 

U.T.S. = 

n cr n 
o 

exp(n) 
(3.2) 
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APPENDIX II 

An Approximate Relationship between Tensile Flow Stress 

and Vickers Pyramid Hardness at Elevated Temperatures 

The following simple analysis attempts to incorporate 

strain-rate hardening as well as strain hardening effects into the 

correlation of tensile flow stress with Vickers Pyramid Hardness 

at elevated temperatures. The approach is summarised in figure 

99. Essentially, it is assumed that: 

(i) m and n are independent of strain, strain-rate 

and each other; 

(ii) m and n are both small « 0.1). 

These gross assumptions seriously limit the general 

applicability of the analysis. However, the data of chapters 

three and four suggest that to a first approximation they are 

valid for the present work. 

The work of Tabor152 established that in general, 

the relationship between VPN and tensile flow stress may be 

expressed as: 

(H) = 30 
v r r 

(A2.1) 

where the subscript r refers to 'representative' values of fl~~ 

stress and VPN. 

-2 If (by convention) VPN is measured in units of kg.mm and flow 

-2 stress in units of MNm ,equation (A2.1) may be expressed as: 

(Hv) = 
r 

0.306 0 
r 

(A2.2) 

The representative tensile flow stress, or' is that value of 

tensile flow stress determined at certain representative values 

of strain, Er ' and strain rate, Er' which satisfies equation (A2.2). 



150 

If the experimental value of tensile flow stress, 0 , is deter
y 

mined at different values of strain , Ey ' and strain rate, 

it is then necessary to estimate the value of 0 through 
r 

ledge of m, n, E and E • 
r r 

e , 
y 

know-

Referring to figure 99, if the flow stress measured 

at constant strain, E = e: , is equal to 0 1 at £: = £: r' then: y 

log 
01 0 

0 
log 1 

m = I 
y: = i1i (A2.3) 

e: A log r 

£: y 

Similarly, if the flow stress measured at constant 

strain rate, £ = E r' is equal to or 

or 
log 

(71 

n = 
log 

From equation (A2.3): 

Am = 
0

1 
log -

(7 

Y 

From equation (A2.4): 

Adding: 

• 

Bn = 

Am + Bn = 

o 
r = 

log 
° r 

at 

= 

e: = E ,then: 
r 

(7 
r 

0 1 
log 

B 

Substituting equation (A2.5) into equation (A2.2) gives: 

(A2.4) 

(A2.5) 

(H) = 0.3060y 10(Am+Bn) (kg.nm-2 ) (A2.6) 
v r 



log~ 

Figure 99. Schematic illustration of the 
Nlaticnship between a r and ay • 
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